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Abstract This paper reviews different methods of synthesis of polysilalkylene or silary-
lene siloxanes that are sometimes called “hybrid” silicones. This special type of silicone
has been developed to avoid the drawback of the depolymerization of classical polysilox-
anes in certain conditions and to obtain elastomers with enhanced thermal and fuel
resistance properties. These silicones have been prepared through two main routes: the
polycondensation of α, ω-bis silanol monomers (prepared either via an organometallic
route or via hydrosilylation of α, ω-dienes) and the polyhydrosilylation of α, ω-dienes
with dihydrodisiloxanes or oligosiloxanes.

Keywords Fluorinated polysiloxanes · Hydrosilylation · Polycarbosiloxanes ·
Polycondensation · Polysilalkylene siloxanes · Polysilarylene siloxanes

Abbreviations
BPA bisphenol A
DMS dimethylsiloxane
HSCTs high speed civil transports
PDMS polydimethylsiloxane
PI/PS poly(imidesiloxanes)
Pt-DVTMDS platinum-divinyl-1,3 tetramethyldisiloxane
PTFPMS polytrifluoropropylmethylsiloxane
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ScCO2 supercritical carbon dioxide
TMG/CF3CO2H tetramethylguanidine/trifluoroacetic acid
TMPS-DMS tetramethyl-p-silphenylenesiloxane-dimethylsiloxane

1
Introduction

Classical polysiloxanes – [(R)(R′)SiO]n – have been extensively studied and
some of them were already commercialized as early as the 1940s. Their var-
ious properties allowed applications in such various fields as aeronautics,
biomedical, cosmetics, waterproof surface treatment, sealants, unmolding
agents, etc. What is particularly interesting with silicones is the great flexibil-
ity of their backbones, due to the OSiO chainings, which induces a very low
glass transition temperature (Tg), and also their low surface tension which
makes them hydrophobic. These two properties account for their wide range
of applications despite their high cost.

They also exhibit a rather good thermal stability, but in certain conditions
(in acid or base medium or at high temperature) they may depolymerize due
to chain scission of some SiOSi moieties through a six centers mechanism [1]
(cf. Fig. 1), and give rise to cycles and shorter linear chains.

Fig. 1

This intramolecular cycloreversion may occur from at least 4 SiO bonds [2].
So, several researchers have shown interest in another type of polysiloxane:

polysilalkylenesiloxanes or hybrid silicones alternating SiO and SiC bonds in
their backbones and having the following general formula:

Fig. 2

where R3 may be an alkyl, aryl, alkyl aryl or fluoroalkyl chain.
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Several synthetic routes have been described in the literature to obtain
these polysiloxanes. They will be examined hereafter.

One of the first examples of hybrid silicone was published in 1955 [3]
by Sommer and Ansul, who reported the obtention of hybrid “paraffin-
siloxanes” containing the 1,6-disilahexane group which was synthesized as
follows:

Scheme 1

This hybrid silicone was presented as a compound having an intermediate
structure between linear methylpolysiloxanes and paraffin hydrocarbons.

Then, during the years 1960–1970 many other examples of hybrid silicones
were described, particularly silphenylene-siloxanes that are hybrid silicones
containing phenyl groups in the backbone of the siloxane chain, and also flu-
orinated hybrid silicones with or without aromatic groups in the backbone or
as side chains.

These silicones are generally obtained using two main pathways:

1. From bis-silanol monomers, themselves prepared either via an organo-
metallic route or via hydrosilylation of α, ω-dienes. The bis-silanol
monomers are then polymerized to give hybrid homopolymers or con-
densed with difunctional silanes to give copolymers (cf. Scheme 2).

Scheme 2
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2. Through polyaddition of α, ω-dienes with α, ω-dihydro di or oligosilox-
anes, in other words by polyhydrosilylation (cf. Scheme 3).

Scheme 3

This review concerns silalkylene siloxanes fluorinated or non fluorinated,
aromatic or nonaromatic, but we have voluntarily excluded polysilanes, i.e.
polymers that contain silicon but without any SiOSi bonds.

2
Synthesis of Hybrid Silicones Starting from Bis-Silanol Monomers

2.1
From Bis-Silanol Monomers Obtained via an Organometallic Route

2.1.1
Aryl and/or Alkyl Backbone

One of the first hybrid bis-silanols that was used in the synthesis of hy-
brid silicones, and reported by Merker and Scott in 1964 [4], was bis-
hydroxy(tetramethyl-p-silphenylene siloxane) 1. It was obtained via a magne-
sium route according to Scheme 4:

Scheme 4

Then, after polycondensation, it led to the corresponding homopolysil-
phenylene siloxane (cf. Fig. 3):

Fig. 3

In reference [4] some previous attempts to synthesize bis-silanol 1 are cited
but the results were not reproducible.
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The hybrid homosilphenylenepolysiloxane presents a better thermal sta-
bility than polydimethylsiloxane (PDMS). It is solid (melting point = 148 ◦C
instead of – 40 ◦C for PDMS).

Bis-silanol 1 has been used in different syntheses of random, alternated or
block copolymers. Merker et al. [5] described random and block copolymers
of the following structure:

Fig. 4

These polymers were elastic at temperatures above their melting points
(which may be up to 148 ◦C depending on the amount of oxysilphenylene
component).

Alternating copolymers were supposed to exhibit the lower crystallinity
and the higher thermal stability, but the authors were not able to ob-
tain such polymers as their synthesis method (condensation of 1 with
dimethyldichlorosilane) did not lead to alternance.

One year later, Curry and Byrd [6] obtained alternating copolymers by
condensing diol 1 with diaminosilanes (cf. Scheme 5):

Scheme 5

This same reaction has been reproduced some years later by Burks
et al. [7] and amorphous copolymers 2a and 2b were prepared, and studied
as thermostable elastomers for the aeronautic industry. Copolymer 2a or
poly[1,4-bis(oxydimethylsilyl)benzene dimethylsilane] exhibited a glass tran-
sition temperature Tg = – 63 ◦C and a very good stability at high temperature.
Copolymer 2b or poly[1,4-bis(oxydimethylsilyl)benzene diphenylsilane] ex-
hibited a Tg = 0 ◦C and a higher stability at high temperature.

They were crosslinked at room temperature with Si(OEt)4 and dibutyltin
diacetate to give thermostable elastomers.

Since the beginning of the 1980s and during the 1990s, Dvornic and Lenz
and their co-workers have published numerous articles on the synthesis of
silarylene siloxanes and the study of their thermal properties [8–18]:
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The synthesis was achieved according to Scheme 6:

Scheme 6

In reference [15], the authors compare four different ways to obtain these
hybrid silarylene-siloxane copolymers:

1. X = Cl
2. X = OCOCH3
3. X = NMe2
4. X = N(Φ)CON < (ureido)

They conclude that the copolymers with higher molecular weights are ob-
tained with ureidosilanes, while those with the lower molecular weights are
obtained with chloro and acetoxy silanes, because in both these cases, degra-
dation side reactions occur with the acids formed (HCl and CH3COOH).

In the various publications [8–18], the nature of R1 to R4 were different:
methyl, ethyl, vinyl, alkyl, phenyl, cyanoethyl, cyanopropyl, hydrogen and,
more recently, fluoroalkyl [17].

The relations between the nature of the polymers and the glass transition
temperatures have been studied [16], as well as their thermal stability [13, 14].
The authors have shown that the presence of an aromatic unit in the main
chain increases the Tg, as well as the presence of bulky side groups (phenyl,
cyanoalkyl, fluoroalkyl). On the contrary, the presence of vinyl or allyl side
groups decreases the Tg.

Concerning thermal stability, the best resistance to thermal degradation is
obtained with exactly alternating copolymers (x = 1 in Scheme 6).

In nitrogen, resistance to pure thermal degradation decreases depending
on the type of the side groups R3 and R4 (when R1 = R2 = CH3) in the follow-
ing order:

CH= CH2 > C6H5 > CH3 > H > C2H4CF3 > C2H4C6F13

So, the highest stability is observed with the vinyl group.
The synthesis and the properties of silphenylene-siloxanes have been sum-

marized in a chapter of a monograph on silicon polymers [18]:

• DSC (Differential Scanning Calorimetry) measurements showed that the
Tg increased when the size of the side groups increased.

• Thermal stability of these polymers is very high: in TGA (Thermal Gravi-
metric Analysis), they show decomposition not until 480 to 545 ◦C.
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• The average molecular weights of the polymers range from 70 000 to
340 000.

More recently, in 1998 and 1999, McKnight et al. [19–21] reported some
vinyl-substituted silphenylene siloxane copolymers with exactly alternating
structures and varying vinyl content that were synthesized through disilanol
diaminosilane polycondensation, as follows:

Scheme 7

The copolymers were described as thermally stable, high-temperature
elastomers.

It was said that “they had low Tgs (ranging from – 26 to – 86 ◦C) and ex-
hibited the highest degree of thermal and oxidation stability that has been
observed so far for any elastomers”. Additionally they were supposed to
be promising candidates for potential applications as flame-retardant elas-
tomers, one of the critical needs in many industrial branches such as the
aircraft and automotive industry.

A few years earlier, in 1991, Williams et al. [22] had performed the
structural analysis of poly(tetramethyl-p-silphenylene siloxane)-poly(di-
methylsiloxane) copolymers (TMPS-DMS copolymers) by 29Si NMR. These
copolymers were obtained by the condensation of bis-hydroxy(tetramethyl-
p-silphenylene siloxane) 1 with α, ω-dihydroxy polydimethyl oligosiloxanes,
in the presence of a guanidinium catalyst (cf. Scheme 8):

Scheme 8

This NMR analysis is particularly useful as the block TMPS-DMS copoly-
mers exhibit a wide range of properties depending upon the composition and
average sequence lengths of the soft dimethylsiloxane segments and the hard
crystalline silphenylene blocks.

In the years 1988 and 1989, in our laboratory [23, 24] the same bis-hydroxy
(tetramethyl-p-silphenylene siloxane) 1 had been used in polycondensa-
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tion with chlorosilanes fluorinated or nonfluorinated, type Cl2Si(Me)Ri

with Ri = H, CH= CH2, RF and RF = C3H6OC2H4CnF2n+1, C2H4C6F5,
C3H6OCF2CFHCF3, C2H4SC2H4CnF2n+1, C3H6SC3H6OC2H4CnF2n+1 and sil-
icones with the following general formula were obtained:

Fig. 5

Silicones containing, at the same time, Ri = RF, Ri = H and Ri = vinyl, are
fluorinated silicones with low viscosities, easily crosslinkable by addition of
Pt catalyst and that give access to “pumpable” fluorinated silicones.

Later, in 1997, we also described a hybrid silalkylene (C6H12) polysiloxane
obtained by polycondensation of the corresponding hybrid bisilanol bearing
methyl and phenyl pendant groups and showed that it also exhibited a good
thermal stability [25]. Its Tg = – 52 ◦C was higher than that of PDMS, but its
degradation temperature in nitrogen was about 100 ◦C higher than for PDMS
and was also higher in air.

Stern et al. [26] had published, in 1987, an article where they studied the
structure-permeability relations of various silicon polymers and which gave,
among others, the Tg of several hybrid silicones – [(Me)2Si – R – Si(Me)2O]x –,
where R = – C2H4 –, – C6H12 –, – C8H16 – (Tgs around – 90 ◦C), R = m-C6H4 –
(Tg = – 48 ◦C) and R = p-C6H4 – (Tg = – 18 ◦C), but nothing was said about
their synthesis.

In fact, in 1997, the synthesis of poly(tetramethyl-m-silphenylene siloxane)
was reported by Mark et al. [27] as follows:

Scheme 9

The Tg was then evaluated as – 52 ◦C which is close to the value of – 48 ◦C
given by Stern et al. and no melting temperature was detected, contrary to the
equivalent p-silphenylene polymer. TGA measurements revealed very good
high temperature properties with the onset temperatures for degradation be-
ing 415 ◦C under nitrogen and 495 ◦C in air.

Finally, silarylene-siloxane-diacetylene polymers were reported by Hom-
righausen and Keller in 2000 [28], as precursors to high temperature elas-
tomers. They were obtained as follows:
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Scheme 10

Depending upon diacetylene content, the linear polymers can be trans-
formed (via thermolysis) to either highly crosslinked plastics or slightly
crosslinked elastomers. The crosslinked polymers degrade thermally above
425 ◦C under inert conditions.

As a variant of this first method using Grignard reagents to prepare hybrid
silicones, it may be cited a very recently published synthesis of poly(sil-
oxylene-ethylene-phenylene-ethylene)s by reaction of a bis-chlorosiloxane
with the bismagnesium derivative of a diethynyl compound [29, 30] according
to the following scheme:

Scheme 11

These compounds are said to be useful for composites with good heat re-
sistance.

The recent synthesis of silicon-containing fluorene polymers through the
carbon-silicon coupling between fluorenyl Grignard reagents and dichlorosi-
lanes may also be cited [31] (cf. Scheme 12).

Scheme 12

Novel polymers have thus been prepared and their optical (UV-vis photo-
luminescence) and thermal properties have been studied.
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2.1.2
Fluorinated Backbone

Concerning hybrid silicones fluorinated in the main chain, that are prepared
from fluorinated hybrid bis-silanols obtained via a Grignard route, several
examples may be cited:

• a patent deposited in 1970 by researchers from Dow Corning Corp. [32]
describes the preparation of bis-silylfluoro-aromatic compounds and
derivated polymers. The monomer diols, synthesized through Grignard
reactions are of the type shown in Figs. 6 and 7:

Fig. 6

Fig. 7

These monomers are polymerized by autocondensation in the presence
of catalysts such as the complex tetramethylguanidine/trifluoroacetic acid
(TMG/CF3CO2H) or tertiobutyl hydroxyamine/trifluoroacetic acid to give
hybrid homopolymers (cf. Fig. 8):

Fig. 8

After addition of charges, these polymers lead to elastomers that are stable
at high temperature and have applications as sealant materials.
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The diols monomers may also be co-hydrolysed with other siloxanes to
give copolymers such as, for example Figs. 9, 10 and 11:

Fig. 9

Fig. 10

Fig. 11

• In parallel, another patent also deposited by Dow Corning Corp. [33] de-
scribed the synthesis of silylfluoroaromatic homopolymers (cf. Scheme 13):

Scheme 13

• At the same time, Critchley et al. [34] published the synthesis of perfluo-
roalkylene organopolysiloxanes, still obtained from a monomer diol, that
had been prepared by a Grignard route (cf. Scheme 14):

Scheme 14
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The study of the thermal degradation of these same hybrid silicones [35]
was achieved in comparison to the classical polydimethyl and polytrifluo-
ropropylmethyl siloxanes, and the authors showed that the introduction of
perfluoroalkylene segments – C6H4 – (CF2)x – C6H4 – into the main chain of
the polysiloxane increased the thermal stability both under inert and oxida-
tive atmosphere.

The same type of silphenylene siloxane polymers containing perfluo-
roalkyl groups in the main chain, was described by Patterson et al. [36, 37].
The starting diol monomers were also obtained via a Grignard route (cf.
Scheme 15).

Scheme 15

Condensation of I and II led to hybrid silicon homopolymers that gave
thermostable elastomers, after crosslinking.

The preparation of a fluorinated polysiloxane elastomer with silyl ben-
zene moieties (called FASIL) was described by Loughran and Griffin [38]. The
authors obtained a high molecular weight polymer by optimization of the
polymerization conditions (cf. Scheme 16):

Scheme 16

The synthesis of the same polymer had previously been described, through
a different route that did not lead to a high molecular weight product [39] (cf.
Scheme 17):



Polysilalkylene or Silarylene Siloxanes Said Hybrid Silicones 13

Scheme 17

Recently, Rizzo and Harris reported the synthesis and thermal properties
of fluorosilicones containing perfluorocyclobutane rings [40] that can be con-
sidered as a particular kind of hybrid fluorinated silicones. Their work was
directed towards “developing elastomers that could lead to high temperature
fuel tank sealants that can be used at higher temperatures than the commer-
cially available fluorosilicones.” Actually, after base (KOH or NaH)-catalyzed
self-condensation of the disilanol monomer, they obtained high molecular
weight homopolymers (Mn ranging from 19 000 to 300 000 g mol–1) exhibit-
ing very good thermal properties. The synthesis of the homopolymers was
performed as follows:

Scheme 18

The α, ω-bishydroxy homopolymers were also copolymerized with an
α, ω-silanol terminated 3,3,3-trifluoropropyl methyl siloxane oligomer (clas-
sical fluorosilicone) to give copolymers with varying compositions.The
Tgs of the copolymers ranging from – 60 to – 1 ◦C, increased as the
amount of perfluorocyclobutane-containing silphenylene repeat units in-
creased. The TGA analysis showed that when the copolymers contained more
than 20% of this repeat unit, they displayed less weight loss at elevated
temperature than a classical fluorosilicone homopolymer. After crosslink-
ing (using a peroxide) of a copolymer containing about 30 wt. % of the
perfluorocyclobutane-containing repeating unit, the crosslinked network dis-
played a volume swell of under 40% in isooctane, similar to a crosslinked
fluorosilicone.
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2.2
From Bis-Silanol Monomers Obtained Through Hydrosilylation

During the year 1970, several articles were published by Kim et al. [41–
46] about the synthesis and the properties of fluorinated hybrid silicone
homopolymers and copolymers. These polymers were obtained by hydrosi-
lylation of α, ω-dienes with chlorohydrogenosilanes, and the obtained bis-
chlorosilanes were then hydrolysed into bis-silanols and polymerized or
copolycondensed (Ri = R1 or R2 or R3 or R4, Z = alkyl, alkyl ether, fluoroalkyl,
fluoroether, etc.) (cf. Scheme 19).

Scheme 19

In a general article about fluorosilicone elastomers [41], Kim analyzed the
properties of classical fluorosilicones – [(R)(RF)SiO]n – that are: “an excellent
resistance to solvents, a good thermal and oxidative stability, an outstanding
flexibility at low temperature.” He concluded that fluorosilicones are superior
to fluorocarbon elastomers, but they were not very good at high temperatures
(above 450 ◦C). Conventional polydimethylsiloxanes, and classical fluorosil-
icones, present the drawback to give reversion or depolymerization at high
temperature, which deteriorates the physical properties.

So, in order to obtain polymers that are resistant to reversion (or depoly-
merization) at high temperature, Kim decided to consider the synthesis of
polymers of the type of Fig. 12:

Fig. 12

He recognized, then, that these types of compounds would be less flex-
ible than classical silicones, at low temperature and thus would exhibit
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a higher Tg. Later, Kim et al. introduced a fluoroether segment Z into the ho-
mopolymers (cf. Scheme 19) and they showed that the thermal and oxidative
stabilities of these new homopolymers were comparable to those of polymers
as in Fig. 12, while their flexibility at low temperature was better, i.e. their
Tg was lower [42] .They have synthesized numerous hybrid fluorosilicon ho-
mopolymers with Z = CH2CH2RCH2CH2 being fluoroalkyl or fluoroether (cf.
Fig. 13):

Fig. 13

Then, they considered fluorinated hybrid copolymers (cf. Scheme 20).
These copolymers were prepared by condensation of hybrid bis-silanol
monomers and dichloro or diacetamido silanes, in the presence of a mono-
functional silane as the chain stopper, according to the following scheme:

Scheme 20

For X = Cl, they obtained random copolymers and for X = acetamido, they
obtained alternated copolymers (AB)n or (ABA)n depending on the nature of
P [46], the monomer unit B being – (CH3)(C2H4CF3)SiO –.

A comparative study of the thermal properties and of the glass transition
temperatures of the (A)n and (B)n homopolymers and of the (AB)n ran-
dom and alternated copolymers and (BAB)n alternated copolymers has been
achieved and showed the influence of the structure of the polymer.
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Random copolymers may lead to depolymerization like (B)n homopoly-
mers. On the contrary, alternated copolymers present a much better resis-
tance to reversion. Copolymers exhibit a lower Tg (of 10 to 20 ◦C) than that of
the hybrid homopolymer (A)n. Thermogravimetric analyses of random and
alternated copolymers show that they are more stable than each homopoly-
mer (A)n or (B)n.

More recently, in our laboratory, different homopolymers and copolymers
comparable to those of Kim were synthesized [47–50] and products such as
in Fig. 14 were obtained:

Fig. 14

It was shown that when the side chain R is fluorinated, the longer the
fluorinated chain, the better the thermal resistance. The Tg was lower for
R = C2H4C4F9 than for R = C2H4CF3, whereas the thermal resistance at high
temperature was comparable.

The influence of the length of the spacer between the RF chain and the Si
atom was studied. Already in the first step of hydrosilylation, a big difference
in the reactivities of the α, ω-dienes was observed when x = 0 (vinyl type) and
x = 1 (allyl type) (cf. Scheme 21).

Scheme 21

The hydrosilylation, with Speier catalyst (H2PtCl6/iPrOH), was quantita-
tive with allyl type α, ω-dienes, whereas with vinyl type α, ω-dienes it led to
a great amount of by-products. It was thus necessary to achieve the hydrosi-
lylation in the presence of a peroxide.

Hydrolysis of α, ω-bischlorosilanes issued from the hydrosilylation was
quantitative, and an important amount of oligomers was already present in
the compound issued from the vinyl type α, ω-diene (silicone with x = 0).
Then, the polymerization, or polycondensation was faster when x = 0 and it
led to a polymer of higher molecular weight.
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Concerning the thermal properties of these hybrid homopolymers, the Tg
was higher and the thermal stability at high temperature was lower when
x = 1 than when x = 0 [48] (cf. Table 1).

Table 1 Thermal data for hybrid F/silicone homopolymers

DSC (10 ◦C/min) TGA (5 ◦C/min)
Tg Tm Tc T50% (N2) T50% (Air)

R = CH3 R′ = C2H4C6F12C2H4 – 53 26 – 11 470 380
R′ = C3H6C6F12C3H6 – 40 25 – 27 465 330

R = C2H4CF3 R′ = C2H4C6F12C2H4 – 28 490 410
R′ = C3H6C6F12C3H6 – 18 465 360

R = C2H4C4F9 R′ = C2H4C6F12C2H4 – 42 490 360
R′ = C3H6C6F12C3H6 – 29 470 310

R = CH3 R′ = C3H6/HFP/C4F8/ – 49 425 300
HFP/C3H6

R = C2H4CF3 R′ = C3H6/HFP/C4F8/ – 34 445 310
HFP/C3H6

R = C2H4C4F9 R′ = C3H6/C2F4/VDF/ – 47 420 315
HFP/C3H6

HFP = – CF(CF3) – CF2 –
VDF = – CH2 – CF2 –

Copolymers were obtained by copolycondensation of hybrid bis-silanols
and dichlorosilanes to give random copolymers or by copolycondensation of
hybrid bis-silanols and diacetamidosilanes to give alternated copolymers. The
thermal properties of these two kinds of copolymers were not much different
and were slightly better than those of the parent hybrid homopolymers [50].

Some of these polymeric hybrid fluorosilicones were crosslinked to obtain
fluorosiloxane elastomers that combine a good flexibility at low temperature,
lower than – 40 ◦C, and a good thermooxidative stability over 250 ◦C [51, 52].
They may be proposed as alternative materials with respect to polyfluo-
roolefin elastomers.

In 1995–1996, several Japanese patents [53–56] were issued about new flu-
orinated silalkylene-siloxanes which were shown to exhibit a high resistance
to chain-scission by acid or alkali, but nothing was said about their thermal or
mechanical properties. Only their surface properties, due to fluorinated side
chains, were studied.

So, we were interested in reproducing the synthesis of one of these prod-
ucts [57] to compare its thermal properties to those of the hybrid fluo-
rosilicones that we had previously described. The synthesis was performed
according to the following scheme:
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Scheme 22

This new fluorinated polysilalkylene-siloxane 3 presented a rather low
Tg = – 65 ◦C and its thermal stability at high temperature was comparable to
that of the classical polytrifluoropropylmethylsiloxane (PTFPMS), i.e. it was
less stable than our previous hybrid silicones.

Finally, various Japanese patents [58–60] should be cited as they describe
the synthesis of homopolymers and copolymers with a nonfluorinated back-
bone, issued from the corresponding bis silanol monomers and having the
following formulas:

Fig. 15

Fig. 16

with R1–5 = monovalent substituted (or not) aliphatic hydrocarbon;
R6 = unsaturated monovalent hydrocarbon;
X = H or SiR7R8R9 and R7–9 = monovalent substituted (or not) hydro-
carbon.

These products have been used in silicone compositions that have been
crosslinked and the elastomers obtained showed very good mechanical prop-
erties (high tension and tear strength).
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3
Synthesis of Hybrid Silicones Through Hydrosilylation of α, ω-Dienes.
Hydrosilylation Polymerization

The principle of this method is the addition of α, ω-dienes onto α, ω-
dihydrosiloxanes or oligosiloxanes according to Scheme 3 (previously given
in the introduction).

The first works performed by this method were published by Russian re-
searchers [61–63] who had studied the reaction described in Scheme 23:

Scheme 23

The authors had used a Speier catalyst, H2PtCl6/iPrOH and obtained prod-
ucts with low molecular weights (1000–2000).

More recently, Dvornic et al. [64, 65] used the hydrosilylation polymeriza-
tion method between 1,1,3,3-tetramethyl disiloxane and 1,3-divinyl 1,1,3,3-
tetramethyl disiloxane and succeeded in obtaining the first hybrid silicones,
called here “polycarbosiloxanes,” with a high molecular weight (up to 76 000),
according to the following reaction:

Scheme 24

The hydrosilylation was, then, catalyzed by the complex Platinum-divinyl-
1,3 tetramethyldisiloxane [Pt-DVTMDS] or Karstedt catalyst. It was studied in
different conditions: in bulk, with a diluted and with a concentrated toluene
solution. The higher molecular weight was obtained when the polymerization
was achieved without any solvent. Actually, according to Dvornic, “the selec-
tion of Karstedt catalyst seems to be the key factor for the obtention of high
molecular weights. In contrast to hexachloroplatinic acid utilized by the pre-
vious Russian workers, and that may generate HCl after reduction, the use of
[Pt-DVTMDS] complex enables the hydrosilylation polymerization reaction
to proceed unobstructed and to yield high molecular weight polymers.”

Rheological studies and thermogravimetric analysis of the obtained poly-
mers showed that the flexibility, the thermal and oxidative stabilities were
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lower than for polysiloxanes with a close structure. This is due to the stiffen-
ing and destabilizing effect of the C – C groups introduced between the main
Si – O – Si units of the chain.

However, these authors strongly insisted on the fact that hydrosilylation is
a good method for the preparation of linear carbosiloxanes with high mo-
lecular weights.

Very recently, another example of [Pt-DVTMDS] catalyzed hydrosilylation
copolymerization leading to fluorinated copoly(carbosiloxane)s has been de-
scribed [66]. It consisted of the addition of α, ω-divinyl fluorooligosiloxanes
onto α, ω-dihydro fluorooligosiloxanes as follows:

Scheme 25

The structures of the copoly(carbosiloxane)s have been determined by I.R.
as well as by 1H, 13C, 19F and 29Si NMR spectroscopy. The GPC analysis
showed that high molecular weights were obtained (20 000–40 000) and the
DSC and TGA analyses showed very low Tgs, in the range – 77 to – 80 ◦C and
a good thermal stability both in nitrogen (stability to approximately 380 ◦C)
and in air (stability to approximately 270 ◦C).

Another example of polyhydrosilylation is the addition of diallyl bisphe-
nol A to tetramethyldisiloxane which was reported by Lewis and Mathias in
1993 [67, 68] (cf. Scheme 26):

Scheme 26

The reaction is strongly exothermic and must be performed in a solvent
as the co-reagents are not miscible. But, even if the reaction is performed at
0 ◦C, the molecular weights are here limited by the nonstoichiometry due to
the volatility of the disiloxane.

Some years later, almost the same reaction was performed with a hexaflu-
oro derivative of bisphenol A [69, 70] and the resulting polymers proved to be
excellent sorbents for basic vapors due to their strong hydrogen bond acidity.

Recently, Boileau et al. [71, 72] performed the polyhydrosilylation of di-
allyl bisphenol A with hydride terminated polydimethylsiloxanes to prepare
“tailor-made polysiloxanes with anchoring groups” composed of dimethyl-
siloxane segments (DMS) of different lengths, regularly separated by one
bisphenol A (BPA) unit. They studied the influence of the control of the
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[Si – H]/[double bond] ratio and the protection of the – OH groups on the
molecular weight distribution of the polymers. A strong influence of the DMS
segment length and of the presence of H-bonding interactions on the thermal
properties of the resulting polymers was observed. The Tg decreased (from
+ 32 to – 114 ◦C) when increasing the siloxane segment length and the TGA
analysis under nitrogen showed a quite good thermal stability.

The polyhydrosilylation method had also been applied earlier by Boileau
et al. [73] to synthesize well-defined polymers containing silylethylene siloxy
units (cf. Figs. 17, 18 and 19):

Fig. 17

Fig. 18

Fig. 19

Additionally, the method has been used in a patent to prepare poly-
(imidesiloxanes) (PI/PS) “in a relatively simple manner, without undesirable
side reactions and in which high conversions are achieved in short reaction
times” [74]. They reacted an N,N′-dialkenyldiimide with an organosilicon
compound containing two Si – H, in the presence of diCpPtCl2 as catalyst (cf.
Scheme 27).

Scheme 27

The prepared poly-(imidesiloxanes) showed higher heat stability and their
Tg was lower when the proportion of siloxane was higher. These products
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may find applications as coatings, as adhesives or as membranes for gas
separation.

The same method was used to prepare thermoplastic siloxane elastomers
based on poly(arylenevinylenesiloxanes) compounds [75]. The polyhydrosi-
lylation was then performed between an α, ω-dialkenylarylenevinylene and
an organosilicon compound containing two Si – H, in the presence of
diCpPtCl2 as shown in Scheme 27.

More recently, we have also reported the synthesis of thermoplastic silox-
ane elastomers based on hybrid polysiloxane/polyimide block copolymers
(the hybrid polysiloxane being fluorinated or not) that were obtained through
polyhydrosilylation of dienes with α, ω-dihydrooligosiloxanes [76–78], as
follows:

Scheme 28

These block copolymers exhibited both good thermomechanical proper-
ties and low surface tension and some of them exhibited also thermoplastic
elastomers properties.

As a variant to this method, it may be cited the obtention of block copoly-
mers through hydrosilylation of allyloxy-4 benzaldehyde with α, ω-dihydro
oligosiloxanes in the presence of a Pt catalyst [79] (cf. Scheme 29):

Scheme 29

These block copolymers may be used as thermoplastic materials or as
additives, in the case of compounds 5, as they may be incorporated into
a polyamide matrix.

The polyhydrosilylation method has also been used in an American
patent [80] and a Japanese patent [81] to obtain hybrid silicone copolymers.
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The former describes the hydrosilylation of trienes (only on the terminal
unsaturated groups) by hydrosiloxanes, to give polysilalkylene siloxanes (cf.
Scheme 30):

Scheme 30

The latter describes vulcanized silicone rubbers exhibiting very good me-
chanical resistances and obtained starting from hybrid silicone copolymers
prepared via hydrosilylation of dimethyl silyl vinyl ended siloxanes with poly
dimethyl methyl hydrogeno siloxanes, in the presence of a Pt catalyst (cf.
Scheme 31):

Scheme 31

Finally, the platinum-catalyzed hydrosilylation polymerization was also
used very recently by Cassidy et al. [82, 83] to prepare fluorine containing
“silicon-organic hybrid polymers” in supercritical carbon dioxide (ScCO2)
(cf. Scheme 32).

Scheme 32

They showed that the ScCO2 reaction provided higher percent conversion
in shorter amounts of time and that, in ScCO2, the molecular weights of poly-
mers obtained were notably greater than those obtained in benzene.

Before ending this review, it is worth citing a product that may be seen as
a particular hybrid silicone: the SIFEL perfluoro elastomer from Shin-Etsu.
Actually, it consists of a perfluoroether polymer backbone combined with an
addition-curing silicone crosslinker. The perfluoroether polymer was capped
with vinyl silicone functions and the crosslinking was achieved with a special
cross-linker containing several Si – H end groups (general type as in Fig. 20),
in the presence of a platinum catalyst [84, 85].
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Fig. 20

The product is described as a liquid perfluoroelastomer and it is becoming
popular in the industries as a universal material for O-rings, diaphragms and
other mold parts due to its unique properties issued from its special chemical
formula (cf. Fig. 21):

Fig. 21

The compound is specially interesting for aerospace industries as it can
perform well for different media: jet fuel, hydraulic oil, engine oil and hy-
draulic fluid, under severe environmental conditions.

This new type of elastomer, with its wide range of applications, consti-
tutes a solution to some of the increasingly complex demands of the different
industries.

4
Conclusions

This review on hybrid silicones does not pretend to be an exhaustive list
of all the polysilalkylene or polysilarylene siloxanes, fluorinated or not,
that have been reported in the literature and that may also be called
“polycarbosiloxanes.”

It presents the different methods of synthesis of these special polysilox-
anes that have been developed to avoid the drawback of depolymerization of
classical polysiloxanes in certain conditions of temperature or of acid or base
medium.

The first method that has been mainly used since the 1960s was based
on polycondensation of α, ω-dihydroxysiloxanes, while the second method
which has been developing during the last three decades is based on polyhy-
drosilylation of α, ω-diolefines with α, ω-dihydro terminated siloxanes.
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All the homopolymers or copolymers that have been obtained show very
interesting properties in terms of thermal stability. They generally present
rather low Tgs and good stability at high temperature and may thus be used
over a wide range of temperature. Furthermore, in the search for new materi-
als for new applications, the obtention of polymers with specific properties is
required, and depending on the nature of their main chain (alkyl, fluoroalkyl,
aryl, fluoroaryl, alkyl ether, etc.) and on the nature of their side chains, these
hybrid silicones may be directed to exhibit specific properties.

Actually, a few years ago, Hergenrother [86] stated the precise require-
ments of the technology for high speed civil transports (HSCTs): the sealants
must exhibit a combination of properties such as elongation, moderate peel
strength, fuel resistance and performance for 60 000 h at 177 ◦C. He said that
the most popular commercially available fuel tank sealant that can be used
at a temperature of around 177 ◦C is based upon poly(3,3,3-trifluoropropyl
methylsiloxane), but this product may degrade after continued exposure to
high temperature.

Since then, the Sifel from Shin-Etsu has emerged, but it is a very expensive
material.

So, finding a good combination of hybrid or silalkylene siloxanes, classical
siloxanes, silarylene siloxanes, preferably fluorinated, remains a challenge to
obtain the best elastomer.

It seems that there is still a promising future for these hybrid silicone
materials.
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Abstract Nanostructured organic-inorganic composites have been the source of much at-
tention in both academic and industrial research in recent years. Composite materials, by
definition, result from the combination of two distinctly dissimilar materials, the over-
all behavior determined not only by properties of the individual components, but by the
degree of dispersion and interfacial properties. It is termed a nanocomposite when at
least one of the phases within the composite has a size-scale of order of nanometers.
Nanocomposites have shown improved performance (compared to matrices containing
more conventional, micron-sized fillers) due to their high surface area and significant
aspect ratios – the properties being achieved at much lower additive concentrations com-
pared to conventional systems.

In this article, recent developments in the formation and properties of epoxy layered
silicate nanocomposites are reviewed. The effect of processing conditions on cure chem-
istry and morphology is examined, and their relationship to a broad range of material
properties elucidated. An understanding of the intercalation mechanism and subsequent
influences on nanocomposite formation is emphasized. Recent work involving the struc-
ture and properties of ternary, thermosetting nanocomposite systems which incorporate
resin, layered silicates and an additional phase (fibre, thermoplastic or rubber) are also
discussed, and future research directions in this highly active area are canvassed.

Keywords Nanocomposite · Epoxy · Montmorillonite · Clay · Layered silicate ·
Nanoparticle

Abbreviations
3D three-dimensional
3DCM 3, 3′-dimethyl-4, 4′-diaminodicyclohexylmethane
µm micrometers (10–6 m)
Å angstroms (10–10 m)
AFM atomic force microscopy
BDMA benzyldimethylamine
BTFA boron trifluoride monoethylamine
◦C degrees celcius
CEC cation exchange capacity
CTBN carboxy-terminated butadiene nitrile rubbers
DDS 4, 4′-diaminodiphenyl sulphone
DDM 4, 4′-diaminodiphenylmethane,
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DETDA diethyltoluenediamine (ETHACURE® 100)
DGEBA diglycidyl ether of bisphenol A
DSC differential scanning calorimetry
DMBA N,N-dimethylbenzylamine
DMTA dynamic mechanical thermal analysis
e-beam electron beam
G Gibb’s free energy
GIC fracture energy
H enthalpy
HBP hyperbranched polymers
HHPA hexahydrophthalic anhydride
HRR heat release rate
IPNs interpenetrating polymer networks
Jeffamine poly(oxypropylene) diamines
K Kelvin
m metres
MPDA 1,4-diaminobenzene
MTHPA methyltetrahydrophthalic anhydride -
NMA nadic methyl anhydride (NMA)
NMR nuclear magnetic resonance
nm nanometers (10–9 m)
Nylon 6 caprolactam-based polyamide
PACM 4, 4′-diaminodicyclohexylmethane bisparaaminocyclohexylmethane
PMMA poly(methyl methacrylate)
q scattering vector
RFI resin film infusion
s seconds
S entropy
SAXD Small angle X-ray Diffraction
SEM scanning electron microscopy
TEM transmission electron microscopy
TGDDM tetraglycidyl ether of 4,4′-diaminodiphenylmethane
Tg glass transition temperature
TGA thermogravimetric analysis
TGAP triglycidyl p-amino phenol
θ scattering angle
WAXD wide-angle X-ray diffraction
WW wet winding

1
Introduction

In recent years the incorporation of low concentrations of nanometer-sized
fillers has become an important strategy to improve and diversify polymeric
materials. A polymer nanocomposite can be defined as a two-phase system,
where at least one dimension of the reinforcing filler is on the nanome-
ter scale. Nanocomposites can vary from the inclusion of isodimensional
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fillers such as nanopowders, where all three dimensions are on a nanome-
ter scale, to two-dimensional materials, such as nanorods, nanowires or
nanotubes. With a thickness of the individual platelets of only 9.8 Å and
an aspect ratio of up to 1000, layered silicate polymer composites are
a form of nanocomposite where only the thickness is of the nanometer
scale.

Clay minerals have been used for a long time as catalysts, adsorbents [1]
and rheological modifiers [2, 3] in the chemical and coatings industries. The
use of clays as polymer additives also has a significant history [4–6] with
polymer intercalation of montmorillonite being first investigated more than
40 years ago using methyl methacrylate and montmorillonite [7]. However,
it is only since the pioneering work by Toyota researchers with clays and
polyamides [8–11] that layered silicates have gained importance as mod-
ifiers in improving polymer performance. The significant feature of lay-
ered silicates, in comparison to other, more commonly used fillers, is their
high aspect ratio and their ability to be readily dispersible on a nanometer
scale.

As illustrated in Fig. 1, layered silicate composite structures fall into three
different classes: (a) microcomposites with no interaction between the clay
galleries and the polymer, (b) intercalated nanocomposites, where the sil-
icate is well-dispersed in a polymer matrix with polymer chains inserted
into the galleries between the parallel, silicate platelets, and (c) exfoliated
nanocomposites with fully separated silicate platelets individually dispersed
or delaminated within the polymer matrix [12]. However, these terms de-
scribe only ideal cases and most observed morphologies fall between the
extremes. A more detailed nomenclature will be presented later in this
review.

As most work reported to date on thermosetting layered silicate nanocom-
posites involves epoxy resins, this review will focus on this class of ther-
mosetting materials. However, some work published on other thermosets
such as vinyl ester resins and unsaturated polyesters will be included where
appropriate.

Fig. 1 Schematic illustration of different possible structures of layered silicate polymer
composite: (a) microcomposite (b) intercalated nanocomposite (c) exfoliated nanocom-
posite [12]
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2
Current Modifications of Epoxies

Epoxy thermosets are used in a variety of applications, such as coatings, ad-
hesives, electronics or in composites in the transportation industry. Although
the polyfunctional reactivity of most epoxy systems leads to a high crosslink
density and the required matrix rigidity, brittleness of these materials can
be problematic. In most applications the polymer is thus combined with at
least one other phase, such as short or long fibres (carbon, graphite, glass or
Kevlar) or a rubbery phase for toughening. The commonly-used additives for
toughening of thermosets are briefly reviewed below.

2.1
Particulate Toughening of Thermosets

Rigid fillers of micron dimension, be they inorganic particles or glass beads,
have long been used to reinforce thermoset materials and their behaviour is
well-known [13]. They are clearly effective in terms of modulus-increase, but
have also been found to lead to a concomitant improvement in fracture tough-
ness. For example, it has been reported in an epoxy system that the addition
of 40 vol % of glass beads of size between 4 and 60 µm was found to cause
a two-fold increase in modulus, and a four-fold increase in critical stress in-
tensity factor (a measure of resistance to crack growth) [14]. A number of
these properties may be further enhanced by appropriate surface treatments
of the particles, but this is not always the case. In terms of crack growth,
toughening mechanisms are generally thought to range from encouraging of
plastic deformation via stress concentration, to crack pinning which causes
bowing of the crack front. The degree to which these various mechanisms in-
fluence crack propagation also depends on factors such as testing rate and
temperature.

2.2
Rubber Toughening of Thermosets

Elastomeric modification is the most common way to toughen thermoset-
ting systems. Of all the categories of rubbers studied including reactive
butadiene-acrylonitrile rubbers, polysiloxanes, fluoroelastomers and acrylate
elastomers, it is carboxy-terminated butadiene nitrile rubbers (CTBNs) that
have shown the greatest benefits [15] and are the most widely used. The major
disadvantage in rubber-toughened thermosets is that some of the beneficial
properties of the thermoset matrix such as high glass transition temperature,
yield strength and modulus are compromised through the incorporation of
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Table 1 Change of mechanical properties of a rubber-toughened epoxy system as a func-
tion of rubber concentration [16]

Rubber Tensile strength Tensile Modulus Toughness
[%] [MPa] [GPa] [kJ]

0 6.92 276.1 1.40
3 6.08 318.0 4.57
6 5.19 290.0 3.31
9 4.75 234.7 2.94

12 4.10 210.3 3.00

Becker, Simon

rubber. Table 1 illustrates the dependence of tensile strength and modulus on
rubber addition in a toughened epoxy resin system [16].

In rubber toughening, it is particularly important that the rubber and resin
blend develops a two-phase morphology during the crosslinking reaction,
where the precipitated rubber particles become dispersed in (and preferably
bonded to) the resin matrix. The amount of rubber required is usually limited
to concentrations of 10–15% to ensure that the rubber remains as the dis-
persed phase. Higher rubber concentrations would lead to phase inversion,
resulting in a significant decrease in strength and stiffness. For the same rea-
son, the cure profile must be adjusted to optimize the overall morphology,
and resulting material performance. Any soluble rubber remaining in the
matrix plasticises the polymer network, decreasing the glass transition tem-
perature and modulus.

A more recent strategy to toughen thermosetting systems is through the
incorporation of hyperbranched polymers (HBP), particularly those that are
epoxy-terminated. Hyperbranched or dendritic type polymers are a new class
of three dimensional, synthetic molecule produced by a hybrid synthetic
process that generates highly branched, polydisperse molecules with novel
molecular architecture. The use of HBP has shown some promising improve-
ment in mechanical properties of epoxy systems, along with beneficial low
viscosities for ease of processing [17, 18].

2.3
Thermoplastic toughening of thermosets

Although the first attempts of thermoset toughening through thermoplastic
addition showed only modest enhancement in toughness [19], these studies
created much interest in the field, resulting in the exploration of many dif-
ferent factors which lead to further significant improvements. The main areas
explored were the toughening effect of reactive end-groups, morphology and
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matrix ductility, as well as the chemical structure and molecular weight of the
thermoplastic. In brief, the key factors were found to be [20]:

Reactive endgroups although there is incomplete agreement in the lit-
erature, the use of reactively-terminated endgroups
appears desirable.

Morphology phase-inverted or co-continuous morphologies lead
to optimum toughness (not the case in rubber-
toughened systems).

Matrix ductility thermoplastic additives have been found to toughen
highly crosslinked resin/amine systems more effec-
tively than low crosslink density resins, again not
found in rubber-toughened epoxy resins.

Thermoplastic structure polymers with good thermal stability are required.
The thermoplastic should be soluble in the unre-
acted resin but must phase separate well during
cure, so as to form a clear, binary system.

Molecular weight the toughness of the blend increases with increas-
ing thermoplastic molecular weight due to the im-
proved mechanical properties of the thermoplastic
phase dominating blend properties

2.4
Epoxy Fibre Composites

The production of composites from epoxy resins and fibres has significantly
increased in recent time. Both the fiber and polymeric phases retain their
original chemical and physical identities, with mechanical properties some-
times exceeding those of the constituents. The nature of the interface of the
two phases is of enormous importance, particularly where high resistance to
failure is sought [21].

In high performance composites, the fibre phase is usually carbon, graph-
ite or glass and may be short, long and aligned or woven. Intercorporation of
these fibres into the epoxy matrix yields high modulus and strength, although
possibly low ductility. This can lead to problems in terms of reduced impact
strength at low velocities and low delamination resistance with out-of-plane
strength being poor [21]. Problematically, such damage can be sub-surface
and remain undetected, reducing material performance. Improving the in-
trinsic matrix toughness can alleviate this to some degree but such strategies
are not as effective in toughening composites. Two-dimensional structures
usually offer good properties in the laminate plane, with more recent research
focusing on laminate improvements via more three-dimensional (3D) struc-
tures [22, 23]. Such 3D laminates are found to encourage fibre debonding and
micro-cracking, as well as resisting crack growth between layers. 3D com-
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posites can involve processes such as weaving, knitting and stitching but this
requires special fabrication techniques which can be difficult or labor inten-
sive (such as resin transfer molding) in terms of resin infusion.

A more attractive way of producing effective, 3D laminates and reducing
the impact weakness and delamination is a strategy known as “z-directional”
toughening or “supplementary reinforcement” in which short fibres that align
in the z-direction are introduced (perpendicular to the laminates) [24]. Early
work by Garcia et al. [25] and Yamashita et al. [26] demonstrated this ef-
fect, predicting the need for fibres less than a micron in diameter, using
silicon carbide whiskers of 0.1–0.5 µm diameter. Low concentrations of filler
led to improved edge delamination, although in-plane properties were also
decreased. Jang and co-workers [27] reported work where whiskers of vari-
ous types were incorporated into fibre composites, but these showed much
less improvement than expected due to fibre clumping. The required con-
centrations also led to an increased viscosity and difficulty in handling and
degassing materials, producing remnant voids. Nonetheless, Jang and other
groups such as that of Sohn and Hu [28] showed that the use of short fi-
bres such as Kevlar could lead to improved properties by mechanisms such as
crack bridging if dispersion was sufficiently good. The concept of layered sil-
icates as a potential supplementary filler for thermoset fiber composites will
be introduced later in this review.

3
Crystallography and Surface Modification of Layered Silicates

Layered silicates belong to the structural group of swelling phyllosilicates
minerals also known as 2 : 1 phyllosilicates or smectites. These minerals are
often simply referred to as clays, with the term ‘clay’ by definition strictly
referring to mineral sediments of particles with a dimension of less than
2 µm [5]. The individual layered silicates are usually referred to by their
mineral name (for example, montmorillonite) or rock name (bentonite) [5].
Montmorillonite is a rarely-found, neat silicate mineral and principal com-
ponent of more common bentonite, which contains fine dispersions of quartz
and other impurities [29]. Along with montmorillonite, commonly-used
smectites include hectorite and saponite [30]. The main characteristic prop-
erty of these layered minerals is their high aspect ratio and ability to swell via
absorption of water and other organic molecules, leading to an increase in the
interlayer distance.

Smectites consist of periodic stackings of approximately 1 nm thick layers.
These layers form tactoids with thicknesses between 0.1–1 µm [31]. The crys-
talline lattice of the silicate platelets consists of two tetrahedral silica sheets
fused at the tip to a central octahedral sheet of alumina or magnesia [29].
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Through sharing common oxygen atoms, as illustrated in Fig. 2, extended
structures are formed [4]. Isomorphous replacement of central anions of
lower valences in the tetrahedral or octahedral sheet results in negative
charges on the silicate surface. Common substitutions are Si4+ for Al3+ in the
tetrahedral lattice and Al3+ for Mg2+ in the octahedral sheet [5]. The negative
charge on the platelet surface is counterbalanced by alkali or alkaline earth
cations between the layers, known as the interlayer or gallery.

The number of sites of the isomorphous substitution determines the sur-
face charge density and hence significantly influence the surface and colloidal
properties of the layered silicate [32]. The charge per unit cell is thus a signifi-
cant parameter necessary to describe phyllosilicates. The intermediate value
for the charge per unit cell of smectites [33] (x ≈ 0.25–0.6) compared to talc
(x ≈ 0) or mica (x ≈ 1–2) enables cation exchange and gallery swelling for
this group of phyllosilicates, making them suitable for epoxy nanocomposite
formation [31]. The negative surface charge determines the cation exchange
capacity, CEC [meq/100 g] which is key to the organic surface modifica-
tion. The untreated smectite has a high affinity to water and thus does not
readily absorb most organic substances including polymers, although some
polymers such as poly(ethyleneoxide), poly(vinylpyrrolidone) and poly(vinyl
alcohol) are able to access unmodified galleries. However, the low van-der-
Waals forces between stacks do allow the intercalation and exchange of small
molecules and ions in the galleries. In order to render the hydrophilic clay
more organophilic, the inorganic ions in the gallery can be exchanged by the

Fig. 2 Model structure of layered silicates (montmorillonite) where usually silicon sits in
the tetrahedral locations of the oxygen network. The octahedral positions may variously
be iron, aluminium, magnesium or lithium, and the exchangeable cation in the gallery is
given by Mn+ [4]
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Fig. 3 Unmodified layered silicate (left) and layered silicate with interlayer-exchanged
alkyl amine ions (right) [151]

cations of organic salts. Whilst the absorption of organic materials through
cation exchange in montmorillonite has been the subject of studies for some
years for various systems [32, 34], increasing detail on how the layered sili-
cates can be rendered more accessible to epoxy resins has been reported [12,
35–38]. Fig. 3 illustrates the increase in layer spacing from less than 1 nm to
1.2–2.5 nm that occurs upon exchange with alkylamine ions. The degree of
increased separation depends on the chemistry and length of the exchanged
ions, as well as the charge density of the silicate.

4
Characterization of Thermosetting Layered Silicate
Nanocomposite Morphology

The terms intercalated, exfoliated and delaminated are often used to de-
scribe the arrangement of the silicate platelets within the polymer matrix.
Nanocomposite systems whose wide-angle diffraction spectra show no peaks
in the diffraction angle range of 2θ = 1 to 6◦ are usually considered as ef-
fectively exfoliated. However, further investigations of the nanocomposite
structure show that in many cases, the platelets are still arranged in regions
of parallel platelets known as tactoids. It has been pointed out in the liter-
ature that the categories mentioned (intercalated, exfoliated) describe ide-
alized morphologies only, and that most real structures fall between these
extremes [39–41]. Vaia [42] thus suggested an expanded classification system
to allow a more accurate description of a given layered silicate nanocompos-
ite morphology. The expanded classification system considers aspects such
as relative changes in d-spacing, the volume fraction of single platelets and
aggregates and the dependence of single-layer separation on silicate volume
fraction and critical volume fraction, and is shown in part in Fig. 4. Recent
contributions by Morgan et al. [39, 43] and Kornmann et al. [44] also empha-
sise that both microstructure and nanostructure must be considered when
fully describing a nanocomposite morphology. Since the techniques com-
monly applied to investigate such morphologies vary significantly in their
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Fig. 4 Detailed nomenclature for the characterization of layered silicate nanocomposite
structures. The arrangement of the layered silicates in the polymer matrix is classified on
the basis of the relative change in d-spacing and correlation (d and δd); the relative vol-
ume fraction of layers and stacks of layers and the dependence of single-layer separation
on the layered silicate volume fraction, φ [42]

resolution, as well as in the size of the area investigated, there is no single
method that allows full description of any given morphology. Of all the tech-
niques applied, the most commonly used are wide-angle X-ray diffraction
(WAXD) and transmission electron microscopy (TEM). Most researchers rec-
ommend applying both as complementary tools to characterize and describe
morphology. High resolution scanning electron microscopy (SEM) is increas-
ingly becoming a tool that conveniently straddles a range of size-scales to de-
scribe dispersion, although clearly TEM is still required to investigate on the
presence or otherwise of individual layers. Care must be taken though, if TEM
is used, to not forget to seek and characterize larger-scale inhomogeneities.

4.1
Wide-angle X-ray diffraction

Of all the techniques used for the structure analysis of layered silicates and
polymer nanocomposites, wide-angle X-ray diffraction (WAXD) is probably
the most widely applied. The repeat distance between layers, the d-spacing,
can be determined through the diffraction from two consecutive clay layer
scattering planes. The distance between the two layer surfaces is known as the
d-spacing. The two layers interact with the X-rays of the wavelength λ at the
incident angle θ. A constructive interference occurs when the Bragg Law is
fulfilled:

n ·λ = 2 ·d · sin θ . (1)
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Fig. 5 XRD traces of (a) neat organoclay, (b) intercalated nanocomposite, (c) highly inter-
calated nanocomposite (d(001) > 90 Å)

The integer n refers to the diffraction such that if d001 = 1 nm, then d002 =
0.5 nm. Therefore, with a known incident angle and wavelength, the layer
distance can be calculated. Figure 5 illustrates WAXD traces of intercalated
and exfoliated nanocomposite systems, compared to the spectra of pristine
clay. This technique can provide quick results with minimal sample prep-
aration and allows direct determination of the average d-spacing between
silicate platelets. However, there are a number of limitations involved in this
method. Technically, the WAXD technique is often limited to a diffraction
angle of around 2θ = 1◦ and hence (according to the Bragg Law), a maximum
d-spacing of 88 Å. The increase in the WAXD signal intensity at lower an-
gles often makes it difficult to detect layer distances much above 65 Å [41].
The technique is highly dependent on the order of the clay, a distribution of
d-spacing and any disordered, non-parallel orientations which broaden and
weaken the WAXD spectra.

4.2
Small angle X-ray Diffraction (SAXD)

More recently examples of small angle X-ray scattering (SAXD) studies of
epoxy layered silicate nanocomposites and their in-situ formation have been
reported. Chin et al. [45] and Tolle and Anderson [46] have reported in-
situ SAXD studies on 1,4-diaminobenzene (MPDA) cured, diglycidyl ether of
bisphenol A (DGEBA)/octadecylamine montmorillonite systems using syn-
chrotron radiation, as well as a standard small angle diffractometer [45], the
SAXD technique able to detect interlaminar spacings of up to 200 Å. Chen
and Curliss [47] recently presented a good example of synchrotron small
angle X-ray characterization of epoxy-based nanocomposites illustrated in
Fig. 6. The SAXD traces showed distinct peaks in the low angle regime, which
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Fig. 6 Small-angle x-ray characterization of epoxy layered silicate nanocomposites synthe-
sized using n-C10H21NH+

3 -montmorillonite (SC10), Shell Epi-Cure curing agent (W) and
Shell Epon 862 resin where q is the scattering vector [47]

correlate with an interplanar spacings of 125 Å and 135 Å, respectively – all
outside the range visible via WAXD.

4.3
Transmission electron microscopy (TEM)

Along with wide-angle X-ray diffraction, TEM is one of the most widely ap-
plied tools to investigate nanocomposite superstructure. With magnifications
of up to 300 000 times, this powerful technique allows the edges of individ-
ual silicate platelets to be imaged. Figure 7 shows for example the TEM image
of a diethyltoluenediamine (DETDA, ETHACURE® 100 of the Albemarle Cor-

Fig. 7 TEM of DETDA cured DGEBA octadecyl ammonium modified layered silicate
nanocomposite containing 7.5 wt % organoclay
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poration, USA) cured DGEBA nanocomposite containing 7.5% octadecylam-
monium modified layered silicate [41]. TEM analysis is the main method
that provides sharp images on a nanometer dimension. However, there are
also a number of drawbacks involved with this method, in particular sample
preparation by microtome cutting of ultrathin sections of only about 70 nm
thickness is very labor intensive. Further, TEM only allows investigation of
a very small area of a sample, problematic if the material is inhomogeneous.
Ideally, a number of TEM specimens should be prepared from different sec-
tions of a sample to give a more complete picture of the overall morphology.
Morgan et al. [39, 43] suggested that a combination of both, WAXD and TEM
(at both low and high magnification) provides the most accurate representa-
tion of polymer-clay nanocomposite morphologies.

4.4
Optical and Scanning Electron Microscopy (SEM)

The use of optical or scanning electron microscopy has been reported in
several instances to investigate the epoxy layered silicate morphology on
a micrometer scale. Kornmann et al. [44, 48] compared the microstruc-
ture of various resin/layered silicate blends and their dispersions. Stacks
of aggregates of layered silicates could be observed in such optical images.
Salahuddin et al. [49] have used scanning electron microscopy to investi-
gate the microstructure of highly filled epoxy nanocomposites containing up
to 70 wt % layered silicate and the images clearly show a parallel alignment
of the platelets. Generally, the technique of SEM (and optical microscopy)
are very useful methods to analyze the distribution of the layered silicate
on a larger scale. However, to investigate intercalation and exfoliation of the
layered silicate higher resolutions such as provided by TEM and WAXD are
required. As well as allowing the capture of the nanocomposite structure,
SEM remains a particularly useful tool to investigate fracture surfaces of the
nanocomposites.

4.5
Atomic Force Microscopy (AFM)

The use of the technique of atomic force microscopy to investigate the morph-
ology of layered silicate nanocomposites has been rarely reported. Reichert
et al. [50] investigated etched samples of thermoplastic poly(propylene)/clay
nanocomposites using AFM in both the height and phase contrast mode.
The images allowed detection of both large silicate platelets and finely dis-
persed silicates in skeleton-like superstructures. Zilg et al. [12] compared the
interlayer distance of a nanocomposite determined from AFM and WAXD
measurements. The d-spacing as determined from AFM images was 4.2 nm,
larger than the value found using WAXD. Whilst this discrepancy could not
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Fig. 8 AFM image of DETDA cure DGEBA nanocomposite containing 5 wt % octadecyl
ammonium modified layered silicate [40]

be fully clarified, it was pointed out that the AFM tip may be able to deplete
or strain the flexible silicate platelets in their more rigid epoxy surround-
ing. Figure 8 shows an AFM image of a diethyltoluenediamine cured DGEBA
nanocomposite containing 5 wt % organoclay [40]. Although WAXD meas-
urements of this material did not show any peaks, a structure of parallel,
oriented platelets can be clearly observed.

4.6
NMR Dispersion Measurements of Nanocomposites

A rather new approach to determine the layered silicate dispersion in a poly-
mer nanocomposite is through nuclear magnetic resonance (NMR) meas-
urements [51, 52]. This method uses the reduction in the spin-spin relax-
ation time, TH

1 , of a nanocomposite when compared with the neat system,
as an indicator for the organoclay layer separation. The work by VanderHart
et al. [51] on polyamide-6 nanocomposites showed that the paramagnetic
Fe3+ ions in the crystal lattice of the montmorillonite provide an additional
relaxation mechanism of the protons. It is this additional relaxation which
is determined by the average Fe3+–1H distance (and therefore by Fe3+ ion
and clay concentration) and its nano-dispersion throughout the polymer ma-
trix, that determines the paramagnetic contribution to TH

1 . The paramagnetic
contribution, (TH

1para) was defined as:

(
TH

1para

)–1
=

(
TH

1

)–1
composite –

(
TH

1

)–1
polymer , (2)

with (TH
1 )–1

composite being the inverse TH
1 of the composite and (TH

1 )–1
polymer the

inverse TH
1 of the neat polymer.
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5
Synthesis of Thermosetting Layered Silicate Nanocomposites

The main mechanism underpinning nanocomposite formation is that the
monomer or polymer are able to intercalate into and react within (if the
intercalant is monomeric) the interlayer galleries. Polymer nanocomposite
formation can be divided into three primary classes, in-situ polymerization,
intercalation of the polymer from solution, and melt intercalation of the poly-
mer. Of these methods it is in-situ polymerization, which is relevant to the
formation of epoxy-layered silicate nanocomposites. In-situ polymerization
of layered silicate nanocomposite was first reported for the synthesis of ny-
lon 6 polymer nanocomposites [53]. In this method, the organoclay is initially
swollen by the liquid monomer (ε-caprolactam) enabling polymer forma-
tion outside and inside the interlayer galleries. The layered silicate gallery
surface is pre-treated with 12-aminolauric acid which takes part with the ε-
caprolactam in the reaction. For thermosets such as epoxy resins, a curing
agent and heat are also required to promote the crosslinking reaction. There
are a number of processing methods to produce such epoxy nanocompos-
ites. In some of the early studies reported for rubbery epoxy systems, the
layered silicate was added directly to the resin/hardener blend [37, 54, 55].
However, the more established methods of thermoset nanocomposite forma-
tion include pre-intercalation of the layered silicate by the resin for a period
of time prior to addition of amine, and then subsequently reacted. Figure 9
shows a flowchart of the nanocomposite process as applied to the synthesis
of most epoxy nanocomposites reported. Another processing techniques that
have been examined include the use of a three-roll mill to impart high shear
forces into the system [56]. In this work the clay is added to the epoxy which
initially becomes more viscous and opaque, attaining clarity after shearing,
subsequently mixed at higher temperatures with hardener.

Butzloff and D’Souza [57] investigated the controlled use of water in
the synthesis of epoxy/alkylammonium modified montmorillonite systems.

Fig. 9 Flowchart of the common process of thermosetting nanocomposite formation steps
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The clay was treated with octadecylammonium and the flexible poly(oxy-
propylene) diamines (Jeffamine series) of structure NH2CH(CH3)CH2
– [OCH2CH(CH3)]xNH2, in this case Jeffamine D-230 (x is 2–3 on average).
It appeared that the water led to bridging and increased agglomerate size,
although this was subsequently reduced by ultrasonic treatment.

6
Controlling the Morphology of Epoxy Nanocomposites

6.1
Mechanism of clay dispersion

Several reports have discussed the mechanism of organoclay exfoliation dur-
ing the in-situ polymerization of epoxy resins. Early work by Lan et al. [58]
pointed out the important role of the balance between intergallery and extra-
gallery reaction rates, as well as the accessibility of the resin and hardener
monomers to the clay galleries during the exfoliation process. The com-
mon process for epoxy nanocomposite synthesis is to pre-intercalate the
organoclay with the epoxy resin before cure at 50–100 ◦C for approximately
one hour. It is reported that the monomers penetrate and swell the sili-
cate layers until a thermodynamic equilibrium is reached between the polar
resin molecules or resin/hardener blend, and the high surface energy of the
silicate layers [48, 58]. The pre-intercalation leads to a limited increase in
d-spacing [59]. The method of mixing prior to the cure process [60] or the
additional use of solvents as processing aids [60, 61] was found to have lit-
tle impact on the final nanocomposite structure. In fact, further increases
in the distance between organoclay platelets require the driving force of the
resin/hardener cure reaction or homopolymerization to overcome the attrac-
tive electric forces between the negative charge of the silicate layers and the
counterbalancing cations in the galleries [58]. Decreasing polarity during re-
action of the resin in the galleries displaces the equilibrium and encourages
further monomer to diffuse into, and react within, the silicate galleries. It is
found [41, 44] that shear forces from mixing during cure also improve the
exfoliation process.

The change in interlayer spacing can be elegantly seen with in situ
small angle X-ray scattering (Fig. 10) as the sample is heated up from
60–200 ◦C [62]. The clay originally has an interlayer spacing of some 18 Å,
which increases to some 38 Å on mixing (seen at q of 0.16 Å–1). From be-
tween 116–160 ◦C, a peak related to a spacing of 108 Å shifts to 140 Å, locat-
ing at about 150 Å at 200 ◦C. Chen et al. [63] divided the interlayer expansion
mechanism into three stages. Stage one is the initial interlayer expansion due
to resin and hardener intercalation of the silicate galleries. The second stage is
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Fig. 10 In-situ small angle scattering showing disappearance of initial d-spacing, and ap-
pearance of new exfoliated material at small angle (large d-spacing for 3% clay) for an
organo-ion exchanged montmorillonite (surface treatment is octadecyl ammonium), with
a bisphenol F epoxy [47]

the interlayer expansion state where the interlayer spacing steadily increases
due to intergallery polymerization. The third stage of interlayer expansion is
characterized by a decreased interlayer expansion rate. In some cases, a slight
decrease in interlayer spacing could be observed before cessation of gallery
change, due to restrictions on further extragallery change because of gelation.

Recent work by Kong and Park [64] likewise defined an exfoliation process
which occurs in three distinct steps or stages (rather than a gradual pro-
cess) for the isothermal cure of DGEBA with 4, 4′-diaminodiphenyl sulphone
(DDS) and an octadecylammonium-treated montmorillonite. Figure 11

Fig. 11 Increase in d-spacing as a function of conversion for the isothermal cure of
a DGEBA/DDS/octadecylamine montmorillonite at various temperatures [64]
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shows the three different stages as a function of conversion. The stages are:
1st stage – ingress of the DGEBA monomer, 2nd stage – the self polymer-
ization of the DGEBA due to the catalytic effect of the organo-ion and 3rd

stage – the crosslinking of the epoxy residing in the gallery with the amine,
in the presence of the amine (note: DDS was largely used in preference to
4, 4′-diaminodiphenylmethane, DDM) due to the lower reactivity of DDS.

Jiankun et al. [60] outlined a general thermodynamic approach to the ex-
foliation process. According to their work, the ability of a resin system to
exfoliate a layered silicate is determined by the change in Gibb’s free energy
during cure, exfoliation occurring if ∆G = ∆H – T∆S < 0. It is assumed that
the change in entropy is low according to previous reports [65, 66] and can
thus be disregarded. Hence the exothermal curing heat of the intergallery
epoxy resin, ∆H1, must be higher than the endothermic heat to overcome
the attractive forces between the silicate layers, ∆H2. If ∆H1 > ∆H2, the clay
exfoliates during cure.

Very recent work by Park and Jana [67] challenges that contention the
intra- vs. extra-gallery reaction rate is the only key aspect that determines
degree of intercalation. They found that a faster intra-gallery reaction rate
accelerated (but did not necessarily enhance) the degree of exfoliation. Ex-
periments were performed in which the two intra- and extra-gallery rates
were carried out by mixing the same organic modifier residing in the clay
galleries, into the resin. Despite matched intra- and extra-gallery rates, ex-
foliated structures were still achieved. Their view is that properties such as
storage modulus and viscosity are the most crucial determinants of the final
degree of delamination, being reflections of issues such as attraction between
platelets and elastic recoil energy. The attractive forces are between the clay
and organically-modified ions and between the organo-ions themselves. Be-
cause of these forces, the epoxy monomer that becomes crosslinked cannot
relax and the elastic forces increase until they overcome the attractive, in-
terlayer forces. The ability of the growing network to push apart the silicate
layers depends also on the viscosity of the medium through which the nano-
platelets must move, gelation ultimately causing cessation of any such motion.
Indeed, an empirical conclusion of their work is that complete exfoliation
is encouraged if the ratio of shear modulus-to-complex viscosity is greater
than 2–4 s–1 during the cure process. Following from this, is the concept that
the outer layers are able to separate first, and that this occurs more read-
ily at the periphery of the tactoids where they are less constrained. Higher
cure temperatures favour exfoliation because the elastic buildup is greater
and viscosity (initially) is lower, so the plates are able to separate before
viscosity eventually rapidly increases and gelation causes cessation of fur-
ther motion. These ideas provide a more sophisticated understanding of the
intercalation/exfoliation mechanism, implying that even though a faster in-
tragallery polymerization enhances the rate of intercalation/exfoliation, it is
not the only important factor.
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Fig. 12 Changes in properties of isothermally cured epoxy monomer and montmorillonite
surface-treated with methyl, tallow, bis-2-hydroxyethyl ammonium cations at 10 wt %
clay:(a) d-spacing at a range of temperatures and (b) oscillatory rheological parameters
and d-spacing at 70 ◦C [63]

Chen et al. [63] also presented a number of rheological parameters at
isothermal temperature, measured as a function of cure. They determined
the change in interlayer expansion with time, as shown in Fig. 12a and found
an increase with reaction. In some instances, especially at low temperatures
and compositions not shown here, they found a slight decrease in gallery
spacing at high conversions, ascribed to the curing system compressing the
layers slightly. Their isothermal rheological data (Fig. 12b) showed that stor-
age modulus increased with increasing d-spacing but this ceased when the
rubber-to-glass transition occurred. It is hypothesized that the interlayer ex-
pansion ceases when the modulus of the material outside the gallery became
equal to that within it, and that if the outer modulus increased further, the
compression mentioned above was a result.
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In comparison to the formation of thermoplastic nanocomposites, the
transformation from the liquid reactive resin to the crosslinking solid strictly
limits the exfoliation of clay in thermosetting nanocomposites to a small
processing window. It was found that significant changes in the interlayer
distance occur at the early stage of cure, before gelation restricts the mobil-
ity of the clay platelets [68]. The aspects discussed in the next sections have
been found to influence the degree of epoxy nanocomposite formation and
resultant morphologies.

6.2
The Nature of the Silicate and the Interlayer Exchanged Ion

Two fundamental aspects of the organoclay determine the formation of epoxy
nanocomposites from in-situ polymerization: the ability of the interlayer
exchanged ion to act as a compatibilizer and render the layered silicate
‘epoxyphilic’, and the catalyzing effect of the exchanged ion on the polymer-
ization reaction in the galleries [31].

The charge density of the smectite determines the concentration of ions in
the interlayer galleries that can be exchanged, and therefore the amount of
epoxy monomer that can be preloaded in the galleries of the modified organ-
oclay. Lan and coworkers [58] investigated the effect of various smectites with
cation exchange capacities (CEC) ranging from 67 mmol equivalent/100 g
(meq/100 g) for hectorite. to 200 meq/100 g for vermiculite. They found that
silicates with intermediate layer charge densities such as montmorillonite
and hectorite, are well suited for layered silicate modification. Generally,
layered silicates with a low charge density are more readily accessible for
intragallery polymerization than high charge density clays with a higher pop-
ulation of gallery onium ions, the low charge density silicates thus yielding
greater degrees of exfoliation. Kornmann et al. [48] reported similar results
for two different montmorillonite clays, with a CEC of 94 and 140 meq/100 g.
After modifying the layered surfaces of the clay with an octadecylamine ion,
TEM images of the DGEBA/poly(oxypropylene) diamines (Jeffamine D-230)
nanocomposites showed regular stacks of 9 nm for the high CEC, and 11 nm
for the low CEC montmorillonite. The difference in organoclay layer separa-
tion was assumed to be due to the population density of alkylamine ions in
the galleries and hence the space available into which the epoxy can ingress.

The nature of the interlayer exchanged ion also significantly deter-
mines the compatibility of the layered silicate with the epoxy resin, as
well as the inter-gallery reaction rate. Pinnavaia and coworkers performed
several studies using different types of organically modified layered sili-
cates [55, 58, 69–73]. Before the intergallery reaction can be initiated, the clay
tactoids must be preloaded with the epoxy monomer. The population density
of the gallery onium ions and the basal spacing of the smectite determine the
initial accessibility of the epoxy and hardener monomers to the clay galleries.
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It was shown that for a series of alkylammonium ion, CH3(CH2)n–1NH3
+,

exchanged montmorillonite with n = 4, 8, 10, 12, 16 and 18, the length of the
alkylammonium ion greatly affects clay expansion before cure [58]. The de-
gree of exfoliation during cure was also found to depend on the amount of
pre-intercalated resin in the clay galleries, an alkylamine cation chain length
with greater than eight methylene groups was found to be necessary for
nanocomposite formation. In more recent work by Zilg et al. [74], it was
reported that the alkyl chain length for an organically modified fluorhec-
torite had to exceed six carbon units to promote intercalation or exfoliation.
A chain length higher than eight units did not further improve the exfoliation
process.

Wang and Pinnavaia [37] found in a study on a series of primary to quater-
nary octadecylammonium ion modified clays illustrated in Fig. 13, that pri-
mary and secondary onium-treated clays became exfoliated in a DGEBA/1,4-
diaminobenzene (MPDA) system, whilst the tertiary and quaternary ion-
modified clays remained intercalated. This effect has been ascribed to the
higher acidity and stronger Brönsted-acid catalytic effect of the primary and
secondary onium ions on the intergallery epoxy reaction. Since the tertiary
and quaternary ions are less acidic, intercalation of the curing agent is less
favorable due to changes in the gallery expansion of these nanocompos-
ites. These results are in good agreement with more recent work reported
by Zilg et al. [12] who reported that nanocomposite formation based upon
various layered silicate modification has shown that ion exchange with proto-
nated primary amines, such as 1-aminodedecane ions, gave larger interlayer
distances in the nanocomposite than those based on quaternary amine mod-
ification (for example N,N,N-trimethyldodecylamine ions).

Messersmith and Giannelis [75] investigated the formation of a quaternary
bis (2-hydroxyethyl) methyl tallow alkylammonium ion modified montmo-
rillonite DGEBA nanocomposite using three different curing agents (nadic
methyl anhydride (NMA), benzyldimethylamine (BDMA) and boron trifluo-
ride monoethylamine (BTFA)). The tallow unit is widely used as the organic
component in organo-ions and are alkyl tails, usually hydrogenated, obtained
from naturally occurring oils. According to the Southern Clay Products mate-

Fig. 13 Examples of primary (1), secondary (2), tertiary (3) and quaternary (4) octadecyl
amine ions – the more acidic ions (1), (2) favour exfoliation
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rials information, they usually consist of a mixture of different length chains,
∼ 65% C18; ∼ 30% C16; ∼ 5% C14. For this particular modified clay it was
found that bifunctional primary and secondary amines resulted in imme-
diate clouding of the resin, with little or no increase in layer separation. It
was assumed that this behaviour was due to bridging of the silicate layers
by the bifunctional amine which prevented further layer expansion. However,
primary and secondary amines were both found to be effective for exfoli-
ation of the alkyl ammonium ion exchanged clays. An interesting reported
method of clay modification [76] involved the use of poly(oxypropylene) di-
amines (Jeffamines) themselves as modifiers, as they are also commonly used
as epoxy curing agents. Unmodified sodium montmorillonite is added to the
appropriate-length poly(oxypropylene) diamine (Jeffamine D-2000, where x
is on average 33 was found to be the best) with hydrochloric acid used to form
the quaternary ammonium salt. This treated clay is subsequently added to
a Jeffamine/epoxy mixture and cured. Good levels of intercalation and exfo-
liation are seen, with a three-fold increase in modulus and improved thermal
and solvent resistance.

Long primary linear chain alkylammonium ions such as CH3(CH2)17NH3
+

(octadecyl ammonium) have proven to be the most appropriate organo-
ions for the synthesis of exfoliated systems. In recent times the bis (2-
hydroxyethyl) methyl tallow alkylammonium organo ion has also been widely
used, shown in Fig. 14 [77]. Other workers have experimented recently with
other modifications to these organo-ions, such as Feng et al. [78], who modi-
fied the afore-mentioned bis (2-hydroxyethyl) methyl tallow alkylammonium
ion with tolylene 2,4-diisocyanate and bisphenol A, forming an organo-ion
much greater in length but still hydroxy-terminated and containing polar, in-
ternal amine and carbonyl functionalities. However, this was only partially
successful in the sense that the basic treated clay increased some 13 Å from
that of untreated material, but the final d-spacing in the cured composite only
increased a further 7 Å. Nonetheless, rubbery moduli were enhanced, as was
the value of the glass transition temperature.

Fig. 14 Structure of methyl, tallow, bis-2-hydroxyethyl methyl tallow ammonium ion com-
monly used in epoxy nanocomposites
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6.3
Curing agent

Although the silicate interlayer exchanged ions have been widely studied
with respect to control of intercalation or exfoliation of the nanocomposite
system, the choice of a suitable curing agent is also reported to be a signifi-
cant factor determining delamination of the thermosetting nanocomposite
system. Recent research by Jiankun et al. [60] using montmorillonites modi-
fied with CH3(CH2)17NH3

+ and CH3(CH2)17N(CH3)3
+ ions has shown that

for DGEBA-based nanocomposites, low viscosity curing agents (methylte-
trahydrophthalic anhydride – MTHPA) intercalate more easily into the clay
galleries than the highly viscous curing agent, 4, 4′-diaminodiphenylmethane.
It should be noted that this hardener is a solid during the first processing
stage (initial mixing of the nanocomposite) during which time mass transfer,
and thus intercalation, of the hardener into the clay galleries is difficult.

Kornmann et al. [79] investigated the correlation of diffusion rate and
reactivity of a DGEBA system and the subsequent degree of exfoliation.
It was shown that the molecular mobility and reactivity of the curing
agent are important factors affecting the balance between intergallery
and extragallery reaction. For the three different curing agents investi-
gated, the poly(oxypropylene) diamines (Jeffamine D-230), 3, 3′-dimethyl-
4, 4′-diaminodicyclohexylmethane (3DCM) and 4, 4′-diaminodicyclohexyl-
methane (PACM), it was found that the Jeffamine D-230 gave better exfolia-
tion at comparable degrees of conversion of a DGEBA/octadecylammonium
montmorillonite system, than the cycloaliphatic polyamines of higher reac-
tivity (3DCM and PACM) after three hours of cure at 75 ◦C. However, an
attempt to improve exfoliation of these systems by reducing the cure tem-
perature and reactivity was not successful. The exfoliation process was thus
assumed to also depend on other factors such as diffusion rate of the amine
into the clay galleries. Solubility parameters of the various components (de-
termined from the group contribution method) were used as an indication
of their polarities, and were found to be in the same order of magnitude for
the three different amines. It was thus assumed that molecular flexibility is
also a determining factor for the molecular mobility or diffusion rate. This is
based on observation that the aliphatic diamine, with its highly flexible back-
bone and improved molecular mobility, led to significantly better exfoliation
when compared with the rigid aromatic amines.

Kong and Park [64] investigated the exfoliation behaviour of DGEBA/octa-
decylamine-montmorillonite cured with three different high-performance
curing agents: m-phenylenediamine, 4, 4′-diaminodiphenylmethane and
4, 4′-diaminodiphenyl sulphone. Due to the high melting temperature, the
DDS-cured system was synthesized at 150 ◦C, rather than 75 ◦C. Since
changes in cure temperature may affect a number of parameters such as cata-
lytic effects and reaction rate, comparison between these systems should be
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undertaken with caution. However, some interesting results can be found for
the two resin systems (different amines, MPDA, DDM) cured at the same tem-
perature. It was found that the DDM gave better exfoliation than the MPDA
hardener. Improvements in exfoliation were related to the reactivity of the
amine, as indicated by their electronegativities, with lower reactivities (elec-
tronegativity) leading to better exfoliation.

Chen and Curliss [80] have reported an interesting way of making epoxy
nanocomposites by the use of electron beam (e-beam) curing and cationic
polymerisation. This process has advantages over conventional methods,
some being: low volatiles, low energy usage and lower temperatures of re-
action – whilst maintaining the good properties of the epoxies, such as low
shrinkage. They found an increase in d-spacing of an octadecylammonium
treated clay of some 27 Å, compared to over 100 Å from thermal cure using
the same treated clay. This lesser increase was largely due to the rapid rate
of reaction caused by e-beams. It was found that the modulus of the epoxy
nanocomposite could be increased by this method, without the decrease in
glass transition temperature seen in thermally cured systems. Since e-beam
processing is increasingly being used in multi-phase systems such as carbon
fiber composites, it could become a useful nanocomposite processing tool in
the future.

6.4
Cure Conditions

The effect of the cure temperature on nanocomposite formation has been
the subject of several studies. In most cases [41, 44, 46, 79] it was found
that higher cure temperatures gave better exfoliation of the organosilicate
in the epoxy matrix. This improved exfoliation was mainly ascribed to the
higher molecular mobility and diffusion rate of the resin and hardener into
the clay galleries, leading to an improved balance between inter- and extra-
gallery reaction rate. Recent in situ small angle WAXD studies on a syn-
chrotron by Tolle and Anderson [46] have shown quantitatively that for
m-phenylenediamine cured octadecylammonium montmorillonite/DGEBA
nanocomposites, increased cure temperatures caused organoclay exfoliation
in a shorter period of time, and increased the magnitude of the basal spacing
in the final morphology. Work on three different high-performance resin sys-
tems, based on three different epoxy resins (diglycidyl ether of bisphenol A –
DGEBA, triglycidyl p-amino phenol – TGAP and tetraglycidyl ether of 4, 4′-
diaminodiphenylmethane – TGDDM) and the low viscosity, aromatic hard-
ener diethyltoluenediamene hardener found that increased cure temperatures
improved exfoliation [41]. Lan et al. [81] also found improved exfoliation
when the moulds were preheated to the cure temperature prior to filling the
prepolymer into the modulus.
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Fig. 15 X-ray traces of epoxy nanocomposites – intermediate cure temperaturesshow best
exfoliation (the cure cycles are indicated above the traces) [58]

It appears from the literature that the effect of cure temperature on ex-
foliation of layered silicates in the epoxy matrix varies between systems.
Whilst the exfoliation process of some epoxy systems are found to be inde-
pendent of the cure temperature [44, 60], Lan et al. [58] reported an optimum
temperature interval in one system in terms of organoclay delamination,
higher or lower cure temperatures being disadvantageous. Figure 15 shows
WAXD traces of m-phenylenediamine cured DGEBA/CH3(CH2)15NH3

+-
montmorillonite nanocomposites cured at different temperatures. In that
work it was theorized that too low cure temperatures may lead to intercalation
rates that are slow, and if extra-gallery polymerization dominates interca-
lated (rather than exfoliated) structures will dominate. Cure temperatures
that are too high were conversely thought to favor extragallery polymer-
ization [58]. Thus, depending on the nature of the resin and curing agent,
cure cycles should be designed to balance the intra- and extragallery poly-
merization rates. It has been claimed that cure should preferably involve
exfoliation at lower temperatures, with a subsequent cure at elevated tem-
peratures [58, 71, 82] since rapid cure too early in the reaction may lead to
encapsulated tactoids.

6.5
Other Strategies for Improved Exfoliation

A number of other strategies to manipulate epoxy nanocomposite forma-
tion have been discussed in the literature. Chin et al. [45] have investigated
the influence of the stoichiometric resin/hardener ratio on exfoliation of
a MPDA/DGEBA/octadecylammonium montmorillonite using in situ small-
angle X-ray scattering. It was found that resin cure with under-stoichiometric
amounts of MPDA and the homopolymerization of DGEBA without any hard-
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ener (as earlier reported by Lan et al. [71]) leads to the formation of exfoliated
nanocomposites. Further, it was found that the exfoliation was improved with
decreasing amine concentrations. The extragallery reaction dominated for
stoichiometric resin/hardener ratios and greater, due to increased rates of
extragallery reaction and thus intercalated structures.

The use of low-boiling solvents such as acetone to enhance the process-
ability, and hence the final nanocomposite structure has been investigated by
Brown et al. [61]. Their work has shown that the preloading of the layered
silicate with the resin could be processed at significantly lower temperatures
due to the decreased viscosity compared to the neat systems and no change
in the curing reaction, final morphology or mechanical properties was ob-
served. More recently, Salahuddin et al. [49] synthesized highly-filled epoxy
organoclay nanocomposite films of up to 70% montmorillonite using acetone
as a processing aid. The low boiling solvent was necessary to enable mixing
of such high clay levels with the resin/hardener blend. The final material was
a transparent film with the clay platelets being arranged with d-spacings of 30
to 70 Å.

Triantafillidis et al. [83, 84] recently investigated a new approach of epoxy
layered silicate nanocomposites with organic modifier. In their work, the lay-
ered silicate was treated with diprotonated forms of poly(oxypropylene) di-
amines (Jeffamines) of the ionic form α, ω-[NH3CHCH3CH2(OCH2CHCH3)x
NH3]2+ (with x approximately 2–3, 5–6, and 33). Some of the inorganic, in-
tergallery ions were only partly exchanged, using less than stoichiometric
ratios of organic modifier. The silicate modifier not only plays the role of
a surface modifier and polymerization catalyst, but also of the curing agent.
This strategy improved mechanical properties and greatly reduced the plas-
ticizing effect of the modifier that can often be found with higher levels
of ion-exchange in the more commonly used mono-amine modified layered
silicates.

7
Properties of Thermosetting Nanocomposites

7.1
Cure Properties

Knowledge about the curing behaviour, in particular about the thermal tran-
sitions such as gelation and vitrification during cure of the epoxy system,
are of vital importance in the optimization processing conditions and the
final properties of the crosslinked polymer [85–88]. To date, the effect of
unmodified [89] and organically-modified layered silicates [61, 68, 71, 90, 91]
on epoxy cure kinetics has mainly been investigated by differential scanning
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calorimetry (DSC). Bajaj et al. [89] investigated the effect of unmodified mica
on the curing behaviour of a 4, 4′-diaminodiphenylmethane-cured diglycidyl
ether of bisphenol A resin. It was found that mica accelerates the curing reac-
tion substantially. In their work it was proposed that the hydroxyl-groups on
the mica surface act as hydrogen bond moieties that accelerate the crosslink-
ing reaction through participation in the glycidyl-ring opening process
illustrated in Fig. 16. The group of Pinnavaia et al. [71, 92] also found that
acidic onium ions catalyze self-polymerisation of DGEBA at increased tem-
peratures, as judged by DSC. The mechanism for the homopolymerization in
the organoclay galleries was proposed, and is shown in Fig. 17, where pro-
tons are formed through dissociation of the primary alkylammonium cations
attacking the glycidyl-ring and thus catalyse homopolymerization.

Brown et al. [61] have used DSC to investigate the influence of two dif-
ferent organoclays on the homopolymerization of neat DGEBA and on the
reaction of a DGEBA cured with poly(oxypropylene) diamines (Jeffamine
D-2000, x = 33). It was found that both the epoxy homopolymerization and
the amine-cured reaction were mildly catalyzed through the presence of
a dimethyl ditallow ammonium montmorillonite (Rheox B34) where the

Fig. 16 Proposed catalytic effect of unmodified mica on epoxy [89]

Fig. 17 Proposed ctalytic effect of the organoclay on epoxy homopolymerization [58]
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organoclay showed only a slight increase in the interlayer distance during
cure. More significant catalytic effects were observed for a bis(2-hydroxy-
ethyl)methyl tallow ammonium montmorillonite (Cloisite 30A®, Southern
Clay Products), where the organoclay exfoliated during the resin/hardener
cure reaction. Recent work by Xu et al. [91] investigated the cure behaviour of
diethylenetriamine/DGEBA/CH3(CH2)15N(CH3)3–montmorillonite. In this
work a slightly decreased activation energy was found with increasing organ-
oclay concentration.

Ke et al. [68] reported decreasing gelation times with increasing organ-
oclay concentration for a N,N-dimethylbenzylamine (DMBA) cured DGEBA
containing 0–7 wt % organoclay, using a process where the resin is stirred
on a heated plate until the resin can be pulled into continuous fibres.
However, as this work was focused on other aspects, no explanation for
the reduced gelation time was given. Further reaction kinetics studies on
a poly(oxypropylene) diamines (Jeffamine D-230, x = 2–3) cured DGEBA sys-
tem using an octadecylammonium modified montmorillonite were reported
by Butzloff et al. [90], where the kinetics of layered silicate/epoxy resin and
layered silicate/hardener/epoxy resin were investigated using DSC. For the
two-part mixture, a significant decrease in enthalpy was reported for modi-
fied clay concentrations greater than 5 wt %. Interestingly, the three-part
mixture showed a maximum in activation energy at 2.5 wt % organoclay con-
centration. A composition dependence on exfoliation was also reported with
mixtures of intercalated and exfoliated layered silicates for concentrations
above 2.5 wt %.

A recent study on the influence of an octadecylammonium-modified
montmorillonite on the crosslinking reaction of different diethyltoluene di-
amine cured epoxy resins, showed a decrease in gelation time due to the
catalytic effect of the organo-ions on resin cure [93]. This study compared the
different techniques of DSC, chemorheology and dynamic mechanical ther-
mal analysis (DMTA) for monitoring cure. The latter is a technique known as
the ‘flexural braid’ test and is based on techniques developed by Gillham and
Aronhime [94, 95]. It was found that the cure kinetics of the DGEBA/DETDA
resin systems is more strongly affected by the addition of organoclay than
the other two systems, based on the TGAP and TGDDM resins. This is likely
due to the fact that the organoclay exfoliates better in the DGEBA, exposing
more treated surface area to catalyze homopolymerization and resin hard-
ener cure. Both gelation and vitrification times of the resin systems steadily
decreased with increasing filler concentration. The decreased gelation time
was found to be solely to the increased rate of reaction, rather than the for-
mation of a physical gel (at lower conversion), as can often be observed in
layered silicate dispersions. The actual degree of conversion at gelation was
little changed.

Although most epoxy nanocomposite research work is based on amines
as the curative, other hardeners are increasingly being reported. One system
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being increasingly reported involves imidazoles, which uses anionic catalysis
to initiate homopolymerisation. This occurs by converting epoxy to hydroxyl
units, which can then react further with another epoxy unit. It is a complex
curing system with adduct formation, etherification and imidazole gener-
ation being some of the key steps [96]. This complexity shows up in a variety
of behaviours in different studies to date. It was reported that in one such
system, the addition of clay decreased the rate of cure, particularly at high
cure temperatures [97]. In this case, the reaction mechanism was found to
be little changed, the organically-treated montmorillonite largely thought to
be topologically obstructive with regards to diffusion of resin and reaction
within the gallery. However in other epoxy – nanoclay work, imidazoles de-
creased the time to gelation upon clay addition [98–100]. Most of the work
to date has fitted only general reaction models to the imidazole cure data
and no effort has been made to follow more closely the effect on various
sub-processes of the epoxy-imidazole curing reaction, which may in part ex-
plain the differing results for different imidazoles. Epoxy nanocomposites of
anhydride-cured materials have also been reported with the addition of small
amounts of imadazole as the catalyst [101] where the treated clay was found
to strongly affect the reaction kinetics of the epoxy/anhydride system.

7.2
Thermal Relaxations

The effect of the organoclay on the α-relaxation or glass transition tem-
perature (Tg) has been the subject of a number of studies. In some cases
a constant or increased Tg has been reported with increasing organoclay add-
ition [61, 72, 75, 102–104]. Increased Tgs were also reported for a series of
vinyl ester nanocomposites [105] and cyanate ester-layered silicate nanocom-
posites [106]. A peak broadening and increase in Tg has been related to
restricted segmental motions near the interface between the organic and
inorganic phase [75]. Kelly et al. [103] investigated DGEBA-layered silicate
nanocomposites cured with Epon “R” V-40 (Henkel), a condensation product
of polyamines with dimer acids and fatty acids, and found an increase in Tg
when the organoclay was initially swollen with the curing agent, rather than
the epoxide. It was concluded that initial swelling of the layered silicate in the
curing agent leads to better epoxy absorption.

Others have found a reduction in the glass transition temperature with in-
creasing organosilicate content. It was reported that highly crosslinked high
glass transition temperature resin systems [40, 44] led to a steady decrease in
Tg with increasing organo-ion concentration. Figure 18 shows the reduction
in Tg of various glassy epoxy nanocomposite systems with increasing organ-
oclay concentration [40]. The complexity of the cure reaction and possible
side reactions involved made it difficult to determine the governing factor
causing the reduction in Tg. The crosslink density in the filled systems may be
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Fig. 18 Glass transition temperature, Tg, of highly crosslinked epoxy nanocomposite sys-
tems. The resin systems are diethyltoluene diamine cured octadecylammonium modified
layered silicate DGEBA, TGAP and TGDDM [63]

decreased or the matrix plasticised by smaller molecules present in the net-
work [44]. The organoclay may catalyze epoxy etherification and unreacted
entrapped resin, hardener or compatibilizer molecules may act as a plasti-
cizer. In addition the high cure temperatures required for these resin systems
may degrade the layered silicate surface modifier, which are nominally stable
to about 200–250 ◦C.

Chen et al. [63] found a decreased Tg for an hexahydro-4-methylphtalic an-
hydride cured epoxy (3,4-epoxycyclohexylmethyl-3,4-epoxycyclohexane) lay-
ered silicate nanocomposite. The layered silicate was rendered organophilic
through bis (2-hydroxyethyl) methyl tallow alkylammonium cations. The de-
crease in Tg was proposed to be due to the formation of an interphase
consisting of the epoxy resin, which is plasticized by the surfactant chains.
Triantafillidis et al. [83] reported that limiting the clay modification reduces
the plasticizing effect due to the organic modifier.

In contrast, recent work on intercalated phenolic-based cyanate ester
nanocomposites by Ganguli et al. [106] has shown a significant increase in
Tg through organoclay addition: As determined from the onset in storage
modulus of dynamic mechanical analysis, the nanocomposite containing 5%
organoclay showed a Tg of 390 ◦C compared to a Tg of 305 ◦C for the neat ma-
terial. Whilst possible reasons for this significant increase were not discussed
in this paper, it was pointed out that the loss modulus traces of the cyanate es-
ter nanocomposites exhibited multiple, broad relaxations which is indicative
of a heterogeneous cross-link topology.

A recent multiple-relaxation model by Lu and Nutt [107] has been pro-
posed and is illustrated in Fig. 19, to explain the range of behaviours that have
been observed in terms of the glass transition of epoxy materials. It divides up
the nanocomposite into 3 domains: Domain I – a slow relaxation due to teth-
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Fig. 19 Model proposed for polymer relaxation in epoxy nanocomposites, showing re-
gions of various relaxation rates [107]

ering of the epoxy molecules to the organo-ions (particularly if they are reac-
tive, such as with terminal hydroxyl units), Domain II – a faster relaxation due
to what could be called the “isolation” effect where lack of entanglement of
chains and reduced cooperativity mean that confined and isolated polymers
experience more rapid motions. This increased mobility of isolated poly-
mer chains has also been observed in thermoplastic nanocomposites such as
polystyrene, as judged by NMR spectroscopy [108]. Domain III – the bulk re-
laxation. Clearly in intercalated systems, there is an enhancement of the fast
relaxation (Domain II) but this decreases as the system becomes more exfo-
liated and the main effect becomes the tethering of the epoxy chains to the
surface of the clay. Of course, this latter aspect depends on the degree and
strength of the tethering and interaction between epoxy and clay/organo-ion,
as well as the volume of material which interacts in such a way with the clay.
This raises the concept of a form of “percolation” of the clay in terms of the
amount of the epoxy matrix which is influenced and predicts a strong effect
on the glass transition due to clay concentration.

To date only few dielectric relaxation studies have been reported on ther-
mosetting nanocomposite systems. Kanapitsas et al. [109] reported isother-
mal dielectric relaxation studies of epoxy nanocomposite systems based upon
three different clay modifications, a low viscosity epoxy resin based on the
diglycidyl ether of bisphenol-A type (Araldite LY556, CIBA) and an amine
hardener in a temperature range of 30–140 ◦C. Whilst details on the epoxy
system investigated and the nanocomposite morphology were vague, it was
reported that the overall mobility is reduced in the nanocomposite compared
to the neat matrix resin.

Little study has been made on the effect of layered silicates on secondary
relaxations. Recent work [40] has shown a decrease in the (sub-ambient)
β-relaxation temperature in the order of 5–7 ◦C from initially – 50 ◦C to
– 58 ◦C towards – 56 ◦C to – 62 ◦C due to the addition of 10% layered silicate,
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demonstrating that the presence of layered silicate also affects the mobility of
epoxy sub-units within the glassy state.

7.3
Mechanical Properties

7.3.1
Flexural, Tensile and Compressive Properties

In early work by Messersmith and Giannelis [75] on epoxy systems, a nadic
methyl anhydride-cured DGEBA-based nanocomposite containing 4 vol %
silicate showed an increase in the glassy modulus by 58% and a much
greater increase of some 450% in the rubbery region. Pinnavaia and
coworkers [37, 54, 55, 58, 70] investigated a number of intercalated and exfo-
liated rubbery and glassy epoxy nanocomposites. A series of nanocomposites
based on DGEBA, poly(oxypropylene) diamines (Jeffamine D-2000, x = 33)
and a range of CH3(CH2)n–1NH3

+ montmorillonites with n = 8, 12, 18,
showed a steady increase in both tensile strength and modulus with in-
creasing chain length and organo-clay concentration. More than a 10-fold
increase in strength and modulus was achieved through addition of 15% of
the CH3(CH2)17NH3

+ modified montmorillonite. The degree of reinforce-
ment was found to be dependant on the extent of exfoliation. It is assumed
that the alignment of platelet particles under strain contributes to the signifi-
cant improvement in the rubbery state. This alignment enables the platelets
to function like long fibres in a fibre reinforced composite [55]. Rather more
modest improvements in strength and modulus were reported for glassy m-
phenylenediamine DGEBA nanocomposites [58].

In general, modulus is the primary mechanical property that is improved
through the inclusion of exfoliated silicates. The degree of improvement
can be ascribed to the high aspect ratio of the exfoliated platelets. It is as-
sumed [12, 55] that the reinforcement provided through exfoliation is due to
shear deformation and stress transfer to the platelet particles. Zilg et al. [12,
74] have characterized the modulus and tensile strength of various hex-
ahydrophthalic anhydride (HHPA) cured DGEBA nanocomposites based on
different smectites and different layered silicate modifications. All systems
investigated exhibited an increase in Young’s modulus, although in several
cases, decreases in tensile strength and failure strain were observed. It is
thought that the loss in tensile strength might be related to an inhomoge-
neous network density due to different cure rates of the intergallery and
extragallery reaction. This may lead to internal stresses in the material, which
reduces the resistance to mechanical strain. Our work [40, 41, 110] on glassy
high performance nanocomposites based upon diethylene diamine cured
epoxy resins of different structures and functionalities reported improved
toughness and stiffness for each resin system, which could be further im-
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Fig. 20 Fracture toughness (a) and Young’s modulus (b) of various diethylene diamine
cured high performance epoxy nanocomposites cured at different temperatures

proved in some cases through better exfoliation of the layered silicate at
higher cure temperatures as shown in Fig. 20a and Fig. 20b. Similar results
were found by Kornmann et al. [44], along with a slightly decreased ten-
sile strength and elongation at break for a series of glassy, highly crosslinked
(TGDDM/DDS) nanocomposites.

Massam and Pinnavaia [72] investigated the compressive properties of in-
tercalated and exfoliated glassy epoxy nanocomposites. In their work it was
found that exfoliated systems gave significant improvements in compressive
strength and modulus with increasing layered silicate concentration in the
range of 0–10 wt % clay, whilst nanocomposite systems did not improve re-
inforcement under compression. The better improvement in the exfoliated
nanocomposite was explained by the fact that each nanolayer participated
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fully in the reinforcement. Different degrees of improvement were reported
for differing amounts of exfoliation, and also due to other factors such as
different aspect ratios and charge layer densities.

Zerda and Lesser [111] also investigated the behaviour of intercalated
glassy epoxy nanocomposites under compression. Their work also showed
that compressive strength and modulus of the intercalated epoxy nanocom-
posite systems did not change noticeably. However, the yielding mechanism
was found to be different in the nanocomposite compared to the unfilled
epoxy. Whilst the unfilled system exhibited a gross yield behaviour with no
apparent void formation, the nanocomposite yielded in shear, as evidenced
by scattering of visible light by voids in the layered silicate aggregates.

7.3.2
Fracture Properties

Whilst many papers focus on the improvement of flexural properties of
nanocomposites, less work has been reported regarding the fracture be-
haviour of these materials. However, the work presented to date has shown
that many layered silicate nanocomposites show simultaneous improvement
in both fracture toughness and stiffness, although elsewhere in materials
science it is often found that improvement in one property generally oc-
curs at the expense of the other. The study by Zilg et al. [12] showed that
a well-dispersed intercalated epoxy nanocomposite primarily improved the
toughness, whereas the well exfoliated material largely contributed to in-
creasing the stiffness of the material. It is well known [111] that toughening
occurs within a specific size range of the reinforcement. Whilst the fully-
dispersed, nanometer-dimensions of the layers is unlikely to provide a tough-
ening mechanism, the lateral micron-length silicate tactoids may provide
such toughening through a crack bridging mechanism and increased fracture
surface area.

Improved fracture toughness has also been reported for other interca-
lated or partially exfoliated epoxy nanocomposite systems [44, 74]. Zerda
and Lesser [111, 112] have investigated the fracture behaviour of intercalated
DGEBA/poly(oxypropylene) diamines (Jeffamine D-230, x = 5–6) nanocom-
posites. The material investigated showed a modest increase in modulus,
alongside a significant decrease in ultimate stress and strain at failure. The
fracture behaviour of these materials represented by the stress intensity fac-
tor, KIC, showed significant improvements for layered silicate concentrations
of 3.5 vol % and above, from initial values of 0.9 MPa/m2 to 1.5 MPa/m2

(3.5 vol % organo-clay). This increase in fracture toughness was ascribed to
a decrease in the tactoid, inter-particle distance. SEM images of the fracture
surfaces showed a more tortuous path of crack propagation around areas of
high silicate concentration in the nanocomposite compared to the neat sys-
tem. The creation of additional surface areas on crack propagation was thus
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Fig. 21 Comparison of fracture surfaces of: (a) neat diethyltoluene diamine cured
tetraglycedyl diamino diphenylmethane resin system (top) and (b) its corresponding
nanocomposite containing 7.5% octadecyl ammonium modified layered silicate

assumed to be the primary factor for the toughening effect. Similar findings
were reported for nanocomposites based upon unsaturated polyester [113] or
high functionality epoxy resin nanocomposites [114]. A comparison of frac-
ture surfaces of both neat and highly intercalated layered silicate containing
epoxy systems is shown in Fig. 21a and b.

High strain rate impact strength has been less studied, but has also been
shown to be increased by incorporation of layered silicates. Basra et al. [115]
performed Charpy impact tests on treated clays that showed an increase in
d-spacing (intercalation) of some 20 Å. It was found that there was a max-
imum in impact strength, with the peak value occurring at about 0.5 vol %
treated clay, whilst the impact strength increased by some 137%, subse-
quently decreasing in value until 9 vol % clay, when it is again the same as the
original resin. The decrease above 0.5 vol % was ascribed to clay agglomer-
ation and untreated clays which intercalate much less, are found to produce
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concomitantly less improvement. In both cases, the nanocomposites ductility
or strain-to-break is decreased. Similar maxima in impact strength at around
1 vol % have been reported elsewhere [116].

7.4
Dimensional Stability

Massam et al. [72] investigated the thermal expansion coefficient, α, of a se-
ries of polyoxyalkylene amine cured DGEBA layered silicate nanocomposites.
Measurements in the range of 40–120 ◦C showed reduced expansion coeffi-
cients for both the rubbery and the glassy state. A decrease in the expansion
coefficient by 27% was reported for the 5 vol % nanocomposite in the glassy
state. A monotonically decreasing expansion coefficient with increasing lay-
ered silicate concentration was found in the rubbery state, with an organoclay
loading of 15 vol % showing a 20% reduction in α.

7.5
Water Uptake and Solvent Resistance

A comprehensive study by Massam et al. [31, 72] investigated the resistance
of glassy DGEBA based nanocomposites towards organic solvents and wa-
ter. The absorption of methanol, ethanol and propanol was faster in the neat
epoxy system, compared with the nanocomposite. Furthermore, the mechan-
ical properties of the neat resin systems were more affected by the absorbed
solvent. For example, after 30 days of exposure to methanol, a neat epoxy
system became rubbery, whilst the related composite material appeared un-
affected. A pristine polymer submerged in propanol absorbed more than 2.5
times than the nanocomposite, and began to crack and break up, whilst the
shape and texture of the nanocomposite remained unchanged. In water, how-
ever, the rate of absorption was reduced, with little change in equilibrium
uptake. The absorption mechanism or the role of polarity of the solvent was
not discussed.

Gensler et al. [117] reported significantly reduced water vapor permea-
bility for a hexahydrophtalic anhydride cured DGEBA nanocomposite. The
nanofiller used in this work was an organically-modified hydrotalcite which,
in contrast to layered silicates, has a positive layer charge in the gallery which
is counterbalanced by anions. The water vapor permeability of the highly
intercalated nanocomposite was five to ten times reduced at a content of
3 wt % and 5 wt % hydrotalcites, respectively, when compared with the neat
polymer.

Recent work on highly intercalated and ordered exfoliated glassy epoxy
nanocomposites [118] found that the neat epoxy systems generally absorb
more water than the nanocomposites. A monotonic decrease in water sorp-
tion with increasing clay concentration, however, was not observed. In con-
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trast to the work by Massam et al. [31, 72], the rate of absorption remained
relatively unaffected by organoclay addition.

Shah et al. [105] recently published a study on moisture uptake of vinyl
ester-based layered silicate nanocomposites. Although the moisture diffusiv-
ity decreased with the addition of organoclay, the equilibrium moisture up-
take was found to increase or remain unchanged by the amount of added lay-
ered silicate. The diffusion coefficient was reduced from 0.022×106 mm2/s
to 0.015×106 mm2/s with the addition of 5 wt % of vinyl monomer clay
and Cloisite 10A® (natural montmorillonite modified with a quaternary am-
monium salt, benzyltallowdimethylammonium), whilst the equilibrium wa-
ter uptake increased from 0.012 wt % for the neat material to 0.021 wt %
with clay. The increased equilibrium water uptake was explained by the hy-
drophilic behaviour of the clay which persists, even though the surface has
been treated. Higher concentrations of layered silicate may lead to aggre-
gates or tactoids of layered silicate with less exposed surface area, lead-
ing to a negative deviation from the linear relationship between equilib-
rium water absorbed and organoclay concentration. Furthermore, it was
found that the diffusion coefficient did not differ significantly between
two different clay modifications, which showed different degrees of sepa-
ration of the layered silicates. The decreased diffusivity was thus ascribed
to the restricted motion of polymer chains that are tethered to the clay
particles.

7.6
Thermal Stability and Flammability

Thermogravimetric analysis (TGA) is the most commonly-used method to
investigate the thermal stability of polymers, which is also an important prop-
erty for the flammability performance of a material [119–121]. To date, the
thermal stability of epoxy nanocomposites has been mostly investigated for
DGEBA-based systems with the onset and peak degradation temperature of
TGA traces and the char level being the main parameters reported. Lee and
Jang [122] found improved thermal stability for intercalated epoxy nanocom-
posites synthesized by emulsion polymerization of unmodified layered sili-
cate, as indicated by a shift in the onset of thermal decomposition (in a ni-
trogen atmosphere) towards higher temperatures. Wang and Pinnavaia [37]
compared TGA measurements (also under a nitrogen atmosphere) of interca-
lated and exfoliated organically modified magadiite nanocomposites. Whilst
the intercalated epoxy nanocomposite showed a low temperature weight
loss at about 200 ◦C, indicative of the thermal decomposition of the clay
modifier, the exfoliated nanocomposite did not show such a low onset tem-
perature for weight loss and it was proposed that the interlayer exchanged
ions were incorporated into the polymer network. Recent work by Gu and
Liang [123] investigated the thermal degradation of DGEBA-based nanocom-
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posites containing 2 and 10 wt % octadecylammonium modified montmoril-
lonite in air and nitrogen environments, respectively. It was found that the
10% nanocomposite had the lowest degradation temperature, whereas values
for the nanocomposites containing 2 wt % organo-clay were higher than the
neat resin.

The incorporation of organically modified layered silicates into high per-
formance thermosetting systems with high Tgs and good thermal stabil-
ity may decrease the thermal stability of the overall material in terms of
initial degradation temperature. Xie et al. [124] recently reported a de-
tailed investigation of the non-oxidative thermal degradation chemistry of
quaternary alkylammonium-modified montmorillonite. The onset of true
organic decomposition (rather than water desorption which could be ob-
served at lower temperatures) was found to be 180 ◦C, and the decom-
position process was divided into four stages: the desorption of water and
other low molecular weight species (below 180 ◦C) the decomposition of or-
ganic substances (200–500 ◦C), the dehydroxylation of the aluminosilicate
(500–700 ◦C) and residual organic carbonaceous evolution at 700–1000 ◦C.
Furthermore, the work suggested a Hoffmann elimination reaction as the
mechanism of the initial thermal degradation. Recently reported TGA meas-
urements [118] on high performance (octadecyl ammonium modification
based) epoxy nanocomposites with Tgs of 175 ◦C in an inert nitrogen at-
mosphere found that the nanocomposites showed a slightly reduced ther-
mal stability compared to the neat epoxy systems, as indicated by a de-
creased degradation onset temperature in the order of 5–10 ◦C. In addition,
cone calorimetric measurements of these systems [125] showed synergis-
tic improvement in fire retardancy, as indicated by a reduced peak release
rate.

The mechanism of the improvement of thermal stability in polymer
nanocomposites is not fully understood. It is often stated [126–129] that
enhanced thermal stability is due to improved barrier properties and the
torturous path for volatile decomposition products, which hinders their dif-
fusion to the surface material where they are combusted. Other mechanisms
have been proposed, for example, Zhu et al. [130] recently proposed that
for polypropylene-clay nanocomposites, it was the structural iron in the dis-
persed clay that improved thermal stability by acting as a trap for radicals at
high temperatures.

The flammability of nanocomposites has been the subject of various stud-
ies, largely by Gilman and coworkers [121, 129, 131, 132]. Flammability prop-
erties are most often investigated using a cone calorimeter, a method where
properties relevant to combustion such as heat release rate (HRR), and car-
bon monoxide yield during burning of a material are measured. The group
of Gilman et al. [121, 132] presented results of flammability studies of a num-
ber of thermosetting systems including cyanate esters [132] and vinyl esters
and epoxies [121, 133]. Table 2 shows the results of combustion of different
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Table 2 Cone calorimeter data for modified bisphenol A vinyl ester (Mod-Bis-A Vinyl Es-
ter), bisphenol A novolac vinyl ester (Bis-/Novolac Vinyl Ester) and methylenedianiline
and benzyldimaine (BDMA) cured epoxy resins and their intercalated nanocomposites (*)
containing 6% dimethyl dioctadecylammonium-exchanged montmorillonite. Heat flux =
35 kW/m2, HRR = heat release rate, MLR = mass loss rate, Hc = heat of combustion, SEA
= specific extinction area [121]

Sample Residue Peak Mean Mean Mean Mean Mean
Yield HRR HRR MLR Hc SEA CO
[]% [kW/m2] [kW/m2] [g/s m2] [MJ/kg] [m2/kg] yield

(∆%) (∆%) (∆%) [kg/kg]

Mod-Bis-A 0 879 598 26 23 1360 0.06
Vinyl Ester
Mod-Bis-A 8 656 365 18 20 1300 0.06
Vinyl Ester* (25%) (39%) (30%)

Bis-/Novolac 2 977 628 29 21 1380 0.06
Vinyl Ester
Bis-/Novolac 9 596 352 18 20 1400 0.06
Vinyl Ester* (39%) (44%) (39%)

DGEBA/DDM 11 1296 767 36 26 1340 0.07
DGEBA/DDM* 19 773 540 24 26 1480 0.06

(40%) (29%) (33%)

DGEBA 3 1336 775 34 28 1260 0.06
/BDMA
DGEBA 10 769 509 21 30 1330 0.06
/BDMA* (42%) (35%) (38%)

Fig. 22 Heat release rate data for DGEBA epoxy resin cured by methylenedianiline (MDA
with and without nanocomposite (6 wt % clay). The clay was a montmorillonite treated
with dimethyl ditallow ammonium ions. The cone calorimeter was run at a heat flux of
35 kW/m2 [133]
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thermosets obtained from cone calorimetry [121] and a typical heat release
rate curve for a neat epoxy and a nanocomposite, as is shown in Fig. 22. It
can be seen that the peak and average release rate, as well as mass loss rates,
are all significantly decreased upon organoclay addition. Furthermore, no in-
crease in heat of combustion, specific extinction area (soot) or CO yields
was seen. A slightly shorter time to ignition occurs because of the insta-
bility of the quaternary ammonium organo-ion, as mentioned above. The
mechanism of improved flame retardancy is not yet fully understood and
there is no general agreement about which structure (intercalated or exfoli-
ated), gives the best flammability properties [121]. It was found that reduced
mass loss rate occurred only when the sample surface was partially cov-
ered with char. It is believed that the nanocomposite structure in the char
acts as an insulator for both heat and mass transfer. TEM images of the
char of different nanocomposite systems (thermoplastics and thermosets)
showed that the interlayer spacing of the char was constant (1.3 nm), inde-
pendent of the chemical structure of the nanocomposite. The nanocomposite
strategy for flame retardation offers a number of benefits, such as improved
flammability along with improved mechanical properties, whilst being more
environmentally-friendly compared to other common flame retardants for
relatively low concentrations and costs. It is believed that the additional use of
layered silicates for improved flammability performance may lead to the re-
moval of significant portions of conventionally-used flame retardants [129],
although it is likely that layered silicates on their own are not sufficient for this
purpose.

7.7
Optical Properties

Layered silicate nanocomposites are often found to exhibit good trans-
parency. Wang et al. [54] compared the optical properties of organi-
cally modified magadiite and smectite based epoxy nanocomposites of
a 1 mm thick sample with a concentration of 10 wt % layered silicate.
Both systems showed good optical properties. A better transparency of
the magadiite nanocomposite, however, was related to either better exfo-
liation or a better match with the refractive index of the organic matrix.
Comparison of intercalated and exfoliated epoxy nanocomposites of up
to 20 wt % organoclay concentration by Brown et al. [61] showed good
transparency for all exfoliated systems, as well as for low concentrations
of intercalated layered silicates. Recent work by Salahuddin et al. [49]
showed that films of highly filled epoxy nanocomposites (up to 70 wt %
layered silicate) also show good clarity due to the molecular level of the
dispersion.
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8
Ternary Layered Silicate Nanocomposite Systems

As the field of thermosetting layered silicate nanocomposites is still rela-
tively new, the major work to date has focused on the understanding of
morphology, processing conditions and properties of less complex binary
nanocomposite systems. However, the promising results reported for this new
class of material have recently encouraged research in nanocomposites where
it is a supplementary additive, used in combination with other phases such as
fibres, rubbers or hyperbranched polymers.

8.1
Epoxy fiber nanocomposites

Recent work [134, 135] on DGEBA/diethyltoluenediamine based fibre nano-
composites has shown improvement in the mode I fracture toughness
through the incorporation of highly intercalated octadecylammonium modi-
fied layered silicates. The panels were synthesized by painting the nanocom-
posite premix (resin/hardener/organo-clay blend) onto the unidirectional
fibre cloth. The prepregs were then aligned in a mould and stacked to
a 28-ply laminate. A piece of 13 µm thick polyimide foil was placed in the
mid-thickness of the fibre plies as a crack initiator for the mode I fracture
toughness test, the panel then cured in a hot press. Figure 23 shows im-
provement in maximum load and fracture energy (GIC) as a function of
organoclay concentration. Timmermann et al. [136] reported improved resis-

Fig. 23 In-plane resistance and maximum load of DGEBA carbon fibre nanocomposite as
determined from mode I fracture toughness tests [135]
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tance in thermal cycling induced cracking of epoxy/fibre composites through
incorporation of exfoliated layered silicates.

The work by Rice et al. [137] investigated the matrix-dominant properties
of a bisphenol F/epichlorhydrin epoxy resin layered silicate fibre composites
through four-point flexure measurements, and found no significant increase
in z-axis properties. Little improvement was found for a fibre composite with
low organoclay concentration. Composite systems of higher organoclay con-
centrations even showed a decreased flexural strength, which was ascribed to
an increased void content in the matrix. In their work, the composite mate-
rial was produced using a wet winding (WW) method and resin film infusion
(RFI) technique, and concluded that the WW method showed more promise
than RFI. This was explained by a filtering effect of the clay particles, and
thus the filler was unevenly distributed throughout the polymer matrix. Con-
sequently, the optimal processing of ternary carbon fibre nanocomposites is
critical to achieving significant improvement in the composite materials. Un-
derstanding the resin flow, kinetics and gel times are also key to optimizing
the cure profiles of the thermosetting systems. The effect of the carbon fiber
upon the dispersion and exfoliation of the layered silicate is also significant
and apparently determined by the method of fabrication.

8.2
Ternary systems consisting of a layered silicate,
epoxy and a third polymeric component

Most glassy thermosetting materials are themselves intrinsically brittle and
some form of toughening is often required. This includes incorporation of
materials such as liquid rubbers which phase separate and improve toughness
by a range of mechanisms such as increased yielding, cavitation and crack
blunting. A downside of this toughening method is decreased modulus of the
thermoset material due to the rubbery particles, a problem compounded by
the often-incomplete phase separation of the rubber which results in a lower
glass transition temperature of the rubber-plasticised matrix that remains.
Recent work [138, 139] has investigated a new strategy to produce toughened
epoxy resins which maintain a high modulus through ternary blends of a rub-
bery phase, layered silicate and rigid epoxy. Both a liquid reactive rubber and
a hyperbranched epoxy resin have been considered as the toughening phase.
The use of hyperbranched epoxy resins, rather than classical rubber mate-
rials as the toughening agent, is relatively new and has shown to effectively
toughen glassy epoxy matrices [17, 18].

Toughened epoxy resins and epoxy nanocomposite systems were synthe-
sized using DGEBA resin, diethylene diamine hardener, octadecylammonium
modified montmorillonite and epoxy functional dendritic hyperbranched
polymer (Boltorn E1, Perstorp Speciality Chemicals, Sweden) with an epoxy
equivalent weight of ∼ 875 g/eq and a molecular weight of ∼ 10 500 g/mol.
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Table 3 Properties of ternary nanocomposite comprising DGEBA epoxy resin, hyper-
branched epoxy resin and octadecylammonium-modified organo-silicate

Blend Estimated Tg Flexural Flexural Impact
composition d-spacing strength Modulus strength
Epoxy/HBP/clay [Å] [◦C] [MPa] [MPa] [J/m]

100/0/0 – 192 112 2920 740
100/15/0 – 182 109 2510 2250
100/0/5 90–100 206 146 4090 1060
100/15/5 90–100 192 135 3630 1540
0/100/5 120 – 10 – – –

Becker, Simon

This hyperbranched polymer (HBP) consists of a highly branched aliphatic
polyester backbone with an average of 11 reactive epoxy groups per molecule.
Investigation of the morphologies of these materials showed that the DGEBA
nanocomposite had a well-dispersed structure with tactoids of layered sili-
cates still remaining, with an average d-spacing of 90–100 Å. The microstruc-
ture of ternary epoxy/HBP/layered silicate systems consisted of distinct re-
gions of highly intercalated, layered silicates along with spheres of HBP of
approximately 0.8–1 µm. It was found that the presence of the clay has little
effect on HBP phase separation. Table 3 summarizes the average d-spacing,
glass transition temperatures and mechanical properties of the systems in-
vestigated. Although both the clay and the HBP show a toughening effect on
the epoxy matrix, in the ternary blend the overall toughness is less than the
toughness of the HBP/epoxy system alone.

Lelarge et al. [138] investigated the ternary system involving DGEBA with
a CTBN-rubbers of differing polarity and a montmorillonite surface-treated
with the octadecyl ammonium organo-ion. The system was investigated in
some detail, from the catalytic effect both the treated-clay and the rubber had
on the epoxy reaction, to the effects of the rubber on the degree of interca-
lation and the influence of the layered silicate of phase separation, gelation
and vitrification of the epoxy network. It was found that the clay and epoxy
formed good, highly intercalated structures (d-spacings greater than 70 Å).
However, this was reduced in the final ternary systems because not all rubber
phase separates (and this was investigated as a function of rubber polarity)
in such a system and some remains soluble in the crosslinked matrix. Al-
though the rubber can intercalate the layered silicate alone, it does not do so
to the same degree as the epoxy resin. Indeed, in the ternary blend, the clay
remained in the epoxy-rich phase, as clearly seen in Fig. 24a and 24b, whilst
the rubber phase separated into fine particles, as in the binary epoxy – rubber
mixture. In-situ studies of various properties found that the clay essentially
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Fig. 24 TEM micrographs of ternary epoxy, CTBN rubber and octadecyl ammonium-
treated montmorillonite nanocomposites which were investigated with different polarity
rubbers. (a) shows a broad view of the less polar rubber and the clay tactoids, clearly
separated and (b) shows a close up of the more polar rubber close to silicate layers

delaminated to the final degree possible, prior to phase separation, which it-
self occurs before gelation. Flexural testing indicated that the clay was able
to retrieve some of the modulus lost by rubber addition. Although toughness
of the resin increased with the addition of clay alone and, of course, rubber
alone – the effect was not synergistic, the final toughness laying between that
of clay-alone and the higher, rubber-alone value.

Frölich et al. [140] investigated a system in which DGEBA was mixed with
hydroxy-terminated poly(propylene oxide-block-ethylene oxide) as the rub-
ber, with the nanoclay being a synthetic fluorohectorite treated with bis (2-
hydroxyethyl) methyl tallow alkylammonium ions. The clay was first blended
with rubber, before being dispersed into the reactive epoxy mixture. Mod-
ification of the rubber allowed variation in miscibility and differing mor-
phologies and properties. If the rubber was miscible, the intercalated clay led
to improved toughness. If the rubber is sufficiently modified, such as with
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methyl stearate, then distinct phase-separated particles and silicate layers co-
reside. The phase-separated morphology leads to a significant increase in
toughness, with only a modest modulus decrease.

Isik et al. [116] investigated the use of polyether polyol to modify
DGEBA/triethylenetetramine/organo-treated montmorillonite nanocompos-
ites where the layered silicate was modified with bis (2-hydroxyethyl) methyl
tallow alkyl ammonium ion. The polyether polyol was used in concentrations
of up to 7 wt % and formed domains in the epoxy of some 0.6 µm (1 wt %
polyol) to 1.6 µm) (5 wt % polyol). The addition of both clay and polyol alone
in the epoxy are found to increase toughness due to cavitation (250% increase
for 7 wt % polyol). The addition of clay alone in this material, which inter-
calates to tactoids which show a 20 Å increase in d-spacing, also results in
an increase in impact strength of some 170% for low contents (ca. 1 wt %),
but a decrease at higher contents. The combination of both polyol and clay,
as with the other ternary systems reported to date, does not show a further
synergistic increase. The addition of clay in the ternary system causing a de-
crease in impact strength, although it is still generally greater than the neat
epoxy system. It is found that the polyol itself does not enter the clay gal-
leries. The modulus is similar or slightly greater than that of the neat resins,
although the highest polyol concentrations (even at high clay concentrations)
cause reduced values.

An interesting recent variation reported involves the inclusion of clay with
epoxy resins into a thermoplastic matrix, where the epoxy resin now serves
as a reactive diluent or solvent. This concept, particularly with epoxies, was
pioneered some years ago [141–143] for thermoplastic polymers that are dif-
ficult to process. In these cases minority additions of epoxies can be included
and with appropriate miscibility, aid processing. These same systems lead to
a higher composite modulus when the inclusions cure (as opposed to reduced
rigidity for additions of non-reactive plasticisers) [144]. In the work involving
the ternary system in question, poly(methyl methacrylate) (PMMA) is used
as the thermoplastic matrix, and rather than a simple DGEBA epoxy being
added, a mixture of aromatic and aliphatic epoxies were used to ensure a low
glass transition epoxy matrix. By creating an epoxy phase with a Tg of 69 ◦C,
lower than that of PMMA, rubber toughening is thus also possible. The clay
was once again the bis (2-hydroxyethyl) methyl tallow alkylammonium ion-
treated montmorillonite. The various binary blends were also investigated,
as well as the ternary one. Clay was found to become intercalated in both
the PMMA/clay and epoxy/clay binary systems, with a decrease in impact
strength and strain-to-failure in the PMMA-clay material. The PMMA/epoxy
binary blend itself lead to toughening, the 10–30 wt % cured epoxy spheres
ranging in diameter from 0.1–0.6 µms in size (although the viscosities of the
components meant similar-sized voids were also seen). Nonetheless, a modest
increase of some 6% impact strength was observed. In the ternary system, the
layered silicates were pre-intercalated into the reactive epoxy solvent, before
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inclusion with the PMMA and they remained encased in the epoxy phase dur-
ing cure. They resulted in larger epoxy domains of ca. 1–10 µm (compared
to less than 1 µm for epoxy in PMMA alone). The degree of dispersion was
influenced by the ratio of epoxy-to-clay and this makes direct determination
of the effect of including clay in the epoxy matrix difficult, as much of the
failure occurs around the epoxy-PMMA interface. However, modulus was still
found to increase due to the presence of the clay in the epoxy phase. This con-
cept of including the nanoclay in a reactive diluent has much promise in other
thermoplastic-thermoset systems, particularly if the miscibility of the reac-
tive solvent can be manipulated to aid dispersion of the clay more completely
throughout the thermoplastic matrix.

Thermoset blends need not always be epoxy and thermoplastic or rubber.
Over the years, interpenetrating polymer networks (IPNs) of various types
have become widely studied, where mixtures of reactive materials (where at
least one monomer is polyfunctional) can be simultaneously or sequentially
polymerized. In these types of systems, varying degrees of miscibility may be
trapped by reactive chains and permanent entanglements, and many differ-
ent properties can occur. The area has been well reviewed, one recent example
being [145]. There have been few reports of nanoclays introduced into such
systems. One recent paper in this vein is the work of Karger-Kocsis et al. [146]
who had previously reported work with a vinyl ester resin and epoxy IPN
which were found to be tough but were of low modulus and glass transi-
tion [147]. It was thought that inclusion of a nanocomposite phase could
contribute favourably to both modulus and glass transition, as described
above as the motivation for including layered silicates into rubber-toughened
epoxies. Using the bis (2-hydroxyethyl) methyl tallow alkylammonium ion on
montmorillonite and another synthetic clay, nanocomposites were made by
adding the treated-clays to the pre-mixed equally-proportioned vinyl/ester
epoxy resin mixture. However, the addition of the clays was found to further
decrease thermal and fracture properties. The epoxy resin appeared to en-
capsulate the clays – possibly in a non-stoichiometric manner, which showed
some level of intercalation. A small amount of clay (some 5 wt %) was found
to increase fracture toughness but this was not a nano-phenomena, but rather
due to the toughening effects of the softer interphase between encapsulated
clay and the matrix.

9
Conclusions and Future Directions

Epoxy – layered silicate composites have attracted much interest and exten-
sive research within the area of nanocomposites. They are relatively easy to
make, and since they comprise a reactive system such as epoxies (compared
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to melt blends) they are also applicable in a range of areas – from adhe-
sives to coatings, from microelectronic applications to composite systems.
The addition of nanoclay has the potential to have a range of benefits from
increased modulus, strength, fracture toughness, impact resistance, gas and
liquid barrier, flame retardance and so on, all at moderately low concentra-
tions of about 3–5 wt %. The ability also to improve toughness, particularly
in highly crosslinked epoxies, was perhaps not totally expected based on the
loss of ductility seen in thermoplastic matrices such as fully-exfoliated clays
observed in nylon 6 matrices. The low concentration means that there are few
negative implications for processing. The fact that most reported materials
do not show full exfoliation, yet often exhibit much improved properties, in-
dicates exfoliation is not required to obtain many of the desired properties.
In many cases, the degree of interlayer spacing in epoxy nanocomposites in-
creases beyond the 60–80 Å which is the lowest scattering angles possible in
most laboratories WAXD devices. TEM (and the much less reported) SAXD
become important, where layered structures of some 130–140 Å can still be
seen.

Research in this area continues to be very active. Much of the current work
involves seeking a fundamental understanding of the manner in which ma-
terials intercalate and exfoliate, and the factors which allow this to be best
achieved. This is related, of course, to the effect the various nanoclay treat-
ments on reaction chemistry, as well as the final physical properties. In par-
ticular, the influence on properties such as the glass transition and how the
degree of dispersion and attachment influence this remains of much interest.
In this regard, much of the work to date has involved a limited range of resins
(DGEBA) and surface treatments (alkylammonium or hydroxy-ammonium
ions). It is not yet clear as to the extent which further chemical design and
synthesis of organo-ions can progress properties. As well as attachment to
the epoxy matrix, the use of non-ammonium organo-ions may have some ad-
vantages in high temperature stability [148]. The use of other non-organoion
based additives, such as copolymers in untreated clays, has not been widely
examined at this stage.

Fracture toughness, always important in composites and adhesives, re-
mains an important issue, as does a better understanding of the relative
importance of intercalation/exfoliation and the influence of their size-scale
(micron vs. nanometer). Indeed, the effect of the size-scale of materials from
individual layers to tactoids to clusters to larger clay clumps, many of which
seem to exist simultaneously in a sample, is still not fully understood or
able to be independently manipulated. The ability to make full use of the
anisotropy of the clays in thermoset components by appropriate processing
techniques also is of interest. Likewise, the ability to usefully add greater
concentrations of clay in certain applications for particular property bal-
ances (as opposed to widely-used 3–5 wt %) may also allow a greater range of
properties.
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There remains good work to be done in characterization. The standard
wide angle X-ray diffraction and TEM techniques remain the necessary, ba-
sic tools of characterization. Further use could be made of various ablative
techniques such as plasmas to reveal structures. Even in these there remains
more sophisticated analysis possible, such as detailed in other nanocomposite
systems with WAXD [149] and TEM [150]. The use of other important tech-
niques such as small angle X-ray scattering is becoming increasingly used,
particularly important in epoxy nanocomposites where very good interca-
lation is often observed which is outside the window of traditional WAXD
measurement. It is probably fair to say that the use of various types and
modes of atomic force microscopy has also not been utilised to their full ex-
tent at this time, which may also be aided by appropriate surface treatments
(to etch and expose surface morphology). The relative ease of AFM com-
pared to the specialist skills required, and time necessary, for microtoming
and TEM, may be important. Other properties, such as the effect of clay add-
ition on friction, thermal conductivity and free volume and the like have not
been widely examined but may be useful in certain applications. Much of
the advantage of nanoclays is the multiplicity of effects the clay can have on
chemistry, mechanical properties, fire performance, barrier properties and so
on, and there is clearly an interplay between them and need to understand the
effects on a small-scale.

Ternary systems are becoming more widely reported with, in addition to
epoxy and clay, other materials being present such as rubber, thermoplastic
or fibres. Synergies need to be sought. Likewise, the addition of additives such
as flame retardants, either physically blended, or covalently-incorporated
with the epoxy or amine need to be examined in nanocomposites, since this is
one of the most important, ongoing requirements of transport industries such
as aerospace.
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Abstract The results of the research and development of novel proton-exchanging mem-
branes based on aromatic condensation polymers have been analysed and summarized
with respect to their application in fuel cells. Primary attention has been paid to the ba-
sic properties of the starting polymers, such as thermal stability, water uptake and proton
conductivity. General approaches to the preparation of aromatic condensation polymers
with high proton conductivity have been considered, including direct suffocation, syn-
thesis from monomers containing sulfonic acid groups, incorporation of alkylsulfonated
substituents and formation of acid-basic polymer complexes. The bibliography includes
200 references.
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Abbreviations
13C-NMR Carbon-13 nuclear magnetic resonance
1H-NMR Proton nuclear magnetic resonance
ACPs Aromatic condensation polymers
DMAA N,N-Dimethylacetamide
DMF Dimethylformamide
DMSO Dimethylsulfoxide
DNTA Naphthalene-1,4,5,8-tetracarboxylic acid dianhydride
DSC Differential scanning calorimetry
FT-IR Fourier transform infrared spectroscopy
IR Infrared spectroscopy
m-disulfo PBT Poly[(benzo[1,2-d:4,5-d′]bisthiazole-2,6-diyl)-4,6-disulfo-1,3-phenylene]
m-sulfo PBT Poly[(benzo[1,2-d:4,5-d′]bisthiazole-2,6-diyl)-5-sulfo-1,3-phenylene]
N-MP N-Methyl-2-pyrrolidone
NMR Nuclear magnetic resonance
PBI-MPS (Methyl)propylsulfonated poly(benzimidazole)
PBI-PS Propylsulfonated poly(benzimidazole)
PBP Poly(4-benzoyl)-1,4-phenylene
PBTs Poly(benzobisthiazoles)
PEEK Poly(ether ether ketones)
PEMFS Proton-exchanging membrane fuel cells
PES Poly(ether sulfone)
PMFC Polymer membrane fuel cell
PPA Polyphosphoric acid
PPBP Poly(4-phenoxybenzoyl-1,4-phenylene)
PPTA Poly(p-phenylene terephthalamide)
PSPPI Phenoxy substituted polyperyleneimide
PSSA Poly(styrenesulfonic acid)
p-sulfo PBT Poly[(benzo[1,2-d:4,5-d′]bisthiazole-2,6-diyl)-2-sulfo-1,4-phenylene]
S-PBI Arylsulfonated poly(benzimidazole)
S-PEEK Sulfonated poly(ether ether ketone)
S-PEES Sulfonated poly(ether ether sulfone)
SPEFC Solid polymer electrolytes fuel cells
S-PPBP Sulfonated poly(4-phenoxybenzoyl-1,4-phenylene)
S-PPO Sulfonated poly(phenylene oxide)
S-PPQ Sulfonated polyphenylquinoxaline
S-PPS Sulfonated poly(phenylene sulfide)
S-PPX Sulfonated poly(p-xylylene)
TGA Thermogravimetric analysis
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1
Introduction

Proton-exchanging membrane fuel cells (PEMFC) are considered to be one
of the most promising types of electrochemical device for power gener-
ation [1–10]. Low operation temperatures and the wide range of power make
them attractive for portable, automotive, and stationary applications. How-
ever, advances made in these markets require further cost reduction and
improved reliability. These can be achieved through development and im-
plementation of novel proton-exchange membranes with higher performance
and lower cost as compared to the state of the art polymeric electrolytes.

The basic design of a mono PEMFC cell is shown schematically in Fig. 1.
The polyelectrolyte membrane is sandwiched between two noncorrosive
porous electrodes. The electrochemical reactions occurring at the electrodes
are the following:

on the anode: H2 → 2H+ + 2e– ;

on the cathode: 0.5O2 + 2H+ + 2e– → H2O ;

net reaction: H2 + 0.5O2 → H2O + Q1 + Q2 ,

where Q1 is the electrical energy and Q2 is the heat energy. Individual mem-
brane electrode assemblies can be arranged into stacks to give the power
range desired.

The proton-exchanging membrane is the most important component of
the PEMFC. It must possess some specific properties [9], such as:

• a high ion-exchange capacity sufficient to provide a conductivity of the
magnitude of 0.1 S cm–1 at operational temperatures;

Fig. 1 A scheme of a PEMFC
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Fig. 2

• low permeability to the fuel (hydrogen or methanol) and oxidant (oxygen)
to prevent crossover of the membrane;

• substantial water uptake and good swelling to provide efficient dissocia-
tion of acids and to form a hydrated ionic phase within the entire volume
of the membrane;

• sufficient chemical and mechanical stability for long-term operation
under severe conditions (over 5000 h for electric vehicle applications).

The polymer membrane made of poly(styrenesulfonic acid) (PSSA) (Fig. 2)
was used in the first PEMFC power plant built by General Electric in the mid-
sixties for the Gemini space mission. The lifetime of these PMFCs was limited
due to the degradation of the PSSA membrane under the impact of hydrogen
peroxide radicals.

Further development and implementation of perfluorinated polymers
[11–16] led to considerable advances in polymer electrolytes. The most
widely-used fluorinated polymers are prepared by copolymerisation of
tetrafluoroethylene with perfluorinated vinyl ethers of the following type

Fig. 3

accompanied by hydrolysis of fluorosulfonic acid groups. Basic perfluori-
nated chains of such polymers determine high chemical and thermal stability,
while side chains possess the properties of strong acids. Perfluorinated elec-
trolyte membranes with the general formula shown below are also widely
used.

Fig. 4
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Membrane x m N

Nafion 6–10 1 2
Flemion 3–10 0.1 1–5
Aciplex-S 1.5–14 0.3 2–5
Dow membrane 3–10 0 2

The improved PMFC for the Gemini spacecraft was based on a perfluori-
nated Nafion membrane. This membrane possesses substantially improved
characteristics compared to the PSSA membranes; particular types of Nafion
membranes are characterised by a lifetime of 50 000 h. Different types of
Nafion membranes have different equivalent masses (grammes of polymer
per mole H+), namely, 1200 (Nafion 120), 1100 (Nafion 117 and Nafion 115)
and 1000 (Nafion 105).

Perfluorinated membranes (Dow membrane) were developed by Dow
Chemical Co. (USA). Their equivalent masses are equal to 800–850 g, while
dry state thickness is of ∼ 5 µm. Flemion membranes with equivalent masses
of ∼ 1000 were developed by Asahi Glass Co. (Japan) [5]. Aciplex-S mem-
branes were developed by Asahi Chemical Industry (Japan) and possess
equivalent masses of 1000–1200 g.

All the membranes mentioned above, as well as Neosepta-F (Tokuyama,
Japan) and Gore-Select (W L Gore and Associates Inc., USA) membranes
possess a high proton conductivity (10–2–10–1 S cm–1) at water uptake up to
15 H2O molecules per – SO3H group and are characterised by good thermal,
chemical and mechanical properties. On the other hand, these membranes
are poor ionic conductors at reduced humidity and/or elevated temperatures.
For instance, the conductivity of fully-hydrated Nafion membranes at room
temperature reaches 10–2 S cm–1. However, it dramatically decreases at 100 ◦C
because of the loss of the absorbed water in the membranes. In addition, such
membranes tend to undergo chemical degradation at elevated temperatures.
Finally, their fabrication is rather expensive.

Therefore, the development of new solid polymer electrolytes, which com-
bine sufficient electrochemical characteristics and low cost, is of current
interest. A promising way of solving this problem involves preparation of
membranes based on aromatic condensation polymers (ACPs). The chemistry
of ACPs was characterised by considerable progress in the 1960–1990s [17–30].

ACPs have some advantages that make them particularly attractive:

• ACPs are cheaper than perfluorinated polymers and some of them are
commercially available;

• ACPs containing polar groups have high water uptake over a wide tem-
perature range;

• decomposition of ACPs can be to a great extent suppressed by proper
molecular design;

• ACPs are easily recycled by conventional methods.
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A number of reviews concerning the development of proton-conducting
membranes based on polymer electrolytes are available [1, 7, 8, 31–33]. They
contain information on the advanced materials, their electrochemical prop-
erties, water uptake and thermal stabilities. However, rapid accumulation of
newly-obtained results gives an impetus to further generalisation of informa-
tion in this field.

During the last decade, research on PEMFCs has been most intensively
carried out in the following directions:

• development of sulfonated aromatic condensation polymers (ACPs) and
membranes on their basis;

• development of alkylsulfonated ACPs and membranes on their basis;
• development of acid-basic polymer complexes and membranes on their

basis.

2
Sulfonated Aromatic Condensation Polymers
and Membranes On Their Basis

Aromatic polymers containing sulfonic acid groups can be prepared by sul-
fonation of high molecular mass ACPs or by condensation of monomers
containing sulfonic acid groups.

2.1
Sulfonation of High Molecular Mass Aromatic Condensation Polymers

The simplest and the most widely-used method for the synthesis of sulfonated
ACPs involves sulfonation of different classes of polymers, such as sub-
stituted poly-(1,4-phenylenes) [34, 35], poly-(p-xylylene [36, 37]), poly-(1,4-
oxyphenylenes) [38–44], poly(ether ether ketones) (PEEK) [46–59], polyary-
lene(ether sulfones) [3, 60–74], poly(phenylene sulfides) [75], polyphenyl-
quinoxalines [76–79], polybenzimidazoles [80], polyperyleneimides [81] and
some other ACPs.

The chemical structures of sulfonated poly(4-phenoxybenzoyl-1,4-phenyl-
ene) (S-PPBP) (1), poly(p-xylylene) (S-PPX) (2), poly(phenylene sulfide)
(S-PPS) (3), poly(phenylene oxide) (S-PPO) (4), poly(ether ether ketone)
(S-PEEK) (5), poly(ether ether sulfone) (S-PEES) (6), arylsulfonated poly(ben-
zimidazole) (S-PBI) (7) sulfonated polyphenylquinoxaline (S-PPQ) (8) and
sulfonated phenoxy polyperyleneimide (PSPPI) (9) are shown below. ACPs
are sulfonated using common sulfonating agents [82–85]. In particular, PEEK
can be sulfonated in concentrated sulfuric acid [50], chlorosulfonic acid [86],
SO3 (either pure or as a mixture) [53, 65, 86, 87], a mixture of methanesulfonic
acid with concentrated sulfuric acid [88] and acetyl sulfate [89, 90].
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Fig. 5

Sulfonation of ACPs was systematically studied taking a number of poly-
mers (first of all, PEEK and PPBP) as examples [7]. It was shown that
sulfonation with chlorosulfonic or fuming sulfuric acid is sometimes accom-
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panied by degradation of these polymers. The sulfonation rate of ACPs in
sulfuric acid can be controlled by varying the reaction time and the acid
concentration [91]. This technique allows preparation of target ACPs with
sulfonation degrees ranging from 30% to 100% without chemical degra-
dation or crosslinking of the polymer [92]. However, it should be noted
that a direct sulfonation reaction cannot be used for preparation of ran-
dom sulfonated copolymers and a sulfonation level of less than 30%, since
sulfonation in sulfuric acid occurs under heterogeneous conditions due to
high viscosity of the reaction solutions [49, 50]. For this reason, preparation
of random copolymers requires the duration of the dissolution process to

Fig. 6 Degree of sulfonation of PEEK (a) and PPBP (b) as a function of reaction time at
room temperature [7, 35]
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be shortened to 1 h. The dependences of the degree of sulfonation of PEEK
and PPBP [35] on the reaction time at room temperature are shown in
Fig. 6.

Sulfonation belongs to electrophilic substitution reactions, therefore,
it strongly depends on the nature of substituents in the aromatic ring.
Namely, electron-donating substituents favour the reaction whereas electron-
withdrawing substituents slow it down significantly. For instance, in the case
of PPBP, terminal phenyl rings in the side chain can be sulfonated under
mild conditions similar to the sulfonation conditions for PEEK. In con-
trast to this, the phenyl ring substituent in poly(4-benzoyl)-1,4-phenylene
(PBP), which contains an electron-withdrawing carbonyl group, cannot be
sulfonated under these conditions [7]. The sulfonation level of PPBP and
PEEK reaches nearly 80% within 100 h. The highest sulfonation degree for
PPBP is 85%, whereas that of PEEK can be as high as 100%. This phenomenon
can be attributed to steric hindrances to further sulfonation of PPBP in a vis-
cous sulfuric acid solution.

The solubility of polymers changes while the degree of sulfonation in-
creases. For instance, S-PEEK containing 30 mol % sulfonic acid groups
dissolves in DMF, DMSO and N-methyl-2-pyrrolidone (N-MP); at 70% sul-
fonation the polymer is soluble in methanol, and at 100% – in water.
Non-sulfonated PPBP is soluble in conventional chlorinated solvents (e.g.,
chloroform and dichloromethane), whereas S-PPBP with 30% sulfonation is
insoluble in these solvents. However, the polymer can be dissolved in DMF,
DMSO and N-MP. At the sulfonation levels above 65%, S-PPBP swells in
methanol and water.

Sulfonation of PEEK in concentrated sulfuric acid at room temperature is
accompanied by incorporation of not more than one sulfonic acid group into
each repeating unit of the polymer [86, 90, 93, 94]. FT-IR spectroscopy stud-
ies show that PEEK is sulfonated at the phenylene ring between the ether
groups.

Scheme 1

Sulfonation of PPBP occurs at the p-position of the terminal phenoxy
group.

Tsuchida et al. [95, 96] reported the synthesis of poly(thiophenylene sul-
fonic acid) containing up to two sulfonic acid groups per repeating unit. Poly-
merisation of 4-(methylsulfinyl)diphenyl sulfide in sulfuric acid upon heat-
ing or in the presence of SO3 resulted in sulfonated poly(sulfonium cation),
which was then converted into the corresponding sulfonated poly(phenylene
sulfide).
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Scheme 2

The course of sulfonation was controlled by varying the reaction time, the
temperature and/or by adding SO3. Polymer electrolyte thus obtained is sol-
uble in water and methanol and can form a transparent film.

Novel polymer electrolytes exhibiting high proton conductivity (higher
than 10–2 S cm–1) were prepared by sulfonation of poly(ether sulfone)
(PES) [97, 98]. In these polymers the protons of the sulfonic acid groups are
partially replaced by metal ions (Mg, Ti, Al, Ln) which leads to extension of
the durability of the electrolytes.

Sulfonated polyphenylquinoxalines were prepared using two approaches:
sulfonation of polyphenylquinoxalines prepared by the conventional tech-
nique [76–79, 99], or synthesis of polyphenylquinoxalines directly in the sul-
fonating medium [76–79, 99]:

Scheme 3
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In both cases, sulfonation was performed in sulfuric acid: oleum mixture
(4 : 1) at 125 ◦C. High-strength thermally stable films showing high hydrolytic
stability were cast from the solution of sulfonated polyphenylquinoxalines in
DMF.

Another approach to the preparation of sulfonated polyphenylquinoxa-
lines is based on the treatment of polyphenylquinoxalines containing acti-
vated fluorine atoms [100, 101] with hydroxyarylsulfonic acids [99, 102]:

Scheme 4

Sulfonated polyperyleneimide was obtained by sulfonation of the corres-
ponding polyimide in concentrated H2SO4 at room temperature [81].

Scheme 5
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No evidence for side reactions, e.g. three-fold sulfonation or cleavage of
phenoxy substituents was detected by 1H-NMR spectroscopy.

The organic solvent solubility of the starting polyimide can be modi-
fied by sulfonation to give water-soluble polyimide possessing film-forming
properties.

2.2
Synthesis of Aromatic Condensation Polymers Based On Sulfonated Monomers

Sulfonated ACPs are prepared both by direct sulfonation and by poly-
condensation and polycyclocondensation of sulfonated compounds. Synthe-
sis of the first sulfonated poly(p-phenylene) was reported by Wegner and
co-workers [103]. The Suzuki coupling of diboronic ethers with dibromo-
aromatic monomers furnished poly(p-phenylene) with 95% yield.

Scheme 6

Absolute molecular weight of 36 kD was determined by membrane
osmometry in toluene. Surprisingly, the final polymer was not soluble in a ba-
sic aqueous solution, but it was soluble in DMSO. In a subsequent report from
the same research group [104, 105] this synthetic approach was extended to
produce other isomeric structures.

Sulfonated PEEKs were prepared by the reactions of sulfonated hydro-
quinone with difluoro-substituted aromatic compounds containing carbonyl
groups [106, 107]:

Scheme 7
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Novel sulfonated PEKs were prepared directly by nucleophilic polycon-
densation of 4,4′-sulfonyldiphenol with various ratios of 4,4′-difluorobenzo-
phenone to 5,5′-carbonyl-bis-(2-fluorobenzenesulfonate) in DMSO [108].

Scheme 8

The resulting polyelectrolytes have been characterised by IR, NMR, TGA
and DSC. The 10% weight loss temperature is higher than 510 ◦C, which
indicates that the introduction of 4,4′-sulfonyldiphenol with the powerful
electron-withdrawing group – SO2 – into the main chain of sulfonated PEK
improves the thermal stability against desulfonation.

Sulfonated poly(phthalazinone ether ketones) were synthesized directly by
aromatic nucleophilic polycondensation of 4-(4-hydroxyphenyl)phthalazino-
ne with various ratios of 5,5′-carbonylbis-(2-fluorobenzenesulfonate) or 4,4′-
difluorobenzophenone [109].

Scheme 9

The 10% weight loss temperature of the product is higher than 500 ◦C.
An analogous procedure was employed in recent studies [110–114] on

the synthesis of poly(arylene ether sulfones) using reactions of sulfonated
4,4-dichlorodiphenyl sulfone with various bisphenols.
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Scheme 10

The use of m-aminophenol as an additive along with bis-phenols al-
lowed the preparation of poly(arylene ether sulfones) with terminal amino
groups [115].

Sulfonated poly(thiophenylene sulfones) were prepared by the interaction
of sulfonated 4,4′-difluorodiphenyl sulfone with 4,4′-dimercaptobenzopheno-
ne [116]. Not only homopolymers, but also copolymers were obtained. In
the latter case, the fraction of sulfonated 4,4′-difluorodiphenyl sulfone was
replaced with nonsulfonated monomers.

Scheme 11

Using this approach, one can not only prepare polymers with regular
arrangement of sulfonic acid groups, but, sometimes, introduce a large num-
ber of sulfonic acid groups into the ACP macromolecules compared to the
sulfonation of ACPs.

Sulfonated poly(phthalazinone ether sulfones) were directly prepared
by polycondensation of 4-(4-hydroxyphenyl)phthalazinone with various
rations of disodium salt of 5,5′-sulfonylbis-(2-fluorobenzenesulfonate) to
4-fluorophenylsulfone [117].
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Scheme 12

The resulting ionomers demonstrated high molecular weight, high ion-
exchange capacity and low swelling. Low swelling originates from the hydro-
gen bonding between hydrogen atoms of sulfonic acid and carbonyl groups,
which has been validated by variable temperature IR spectra.

High molecular weight water soluble sulfonated polyamides were prepared
by the interaction of sulfonated diamines with terephthalic and isophthalic
acid dichlorides [118–122].

For this purpose the following diamines were used:

1. 4,4′-diaminobiphenyl-2,2′-disulfonic acid (10)
2. 4,4′-diaminostilbene-2,2′-disulfonic acid (11)
3. para or metadiaminobenzene sulfonic acid (12)
4. 2,5-diaminobenzene-1,4-disulfonic acid (13)

Fig. 7

Some polymers had a sufficiently high molecular weight (more than
200 000), extremely high intrinsic viscosity (∼ 65 dl/g), and appeared to
transform into a helical coil in saline solution.
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Sulfonated monomers were also used for the synthesis of sulfonated poly-
imides [123, 124]. In particular, sodium salt of the sulfonated bis-4-[(3-
aminophenoxy)phenyl]phenylphosphine oxide was used for the preparation
of sulfonated polyimides [123].

Scheme 13

Of particular interest is the use of 4,4′-diamino-2,2′-diphenylsulfonic
acid [124–126] produced on a semi-industrial scale as a sulfonated monomer
for preparation of polyimides. The reactions of a mixture of this monomer
and 4,4′-diaminodiphenylmethane and 4,4′-diaminodiphenyloxide with di-
phenyloxide-3,3′,4,4′-tetracarboxylic acid dianhydride resulted in sulfonated
polyimides [124] with the following structure:

Fig. 8

Great attention has been paid to the polynaphthalenecarboximides (poly-
naphthylimides) containing sulfonic acid groups [126]. Such polymers are
usually prepared by the reaction of naphthalene-1,4,5,8-tetracarboxylic acid
dianhydride (DNTA) with 4,4′-diamino-2,2′-diphenylsulfonic acid

Fig. 9

or a mixture of this sulfonated monomer with other aromatic diamines.
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Scheme 14

Almost all studies on the synthesis of poly(naphthylimides) based on 4,4′-
diamino-2,2′-diphenylsulfonic acid were aimed at preparing copolymers with
controlled properties that could be varied over a wide range.

Other diamines were used for a similar purpose and these were the following:

1. 4,4′-diaminodiphenylamino-2-sulfonic acid (14) [138];
2. sulfonated bis-(3-aminophenyl)phenyl phosphine oxide (15) [136];
3. 3,3-disulfonate-bis[4-(3-aminophenoxy)phenyl]sulfone (16) [137];
4. 9,9-bis(4-aminophenyl)fluorene-2,7-disulfonic acid (17) [139–142];
5. 4,4′-diaminodiphenyl ether-2,2′-disulfonic acid (18) [142, 143];
6. 4,4′-bis-(4-aminophenoxy)biphenyl-3,3′-disulfonic acid (19) [142, 143].

Fig. 10
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In general, poly(naphthylimides) containing six-membered imide rings in
backbones are characterised by significantly improved chemical resistance
compared to analogous poly(phthalimides) [144–147]. A similar conclusion
was made comparing the chemical resistance of sulfonated polyimides and
poly(naphthylimides) [124, 125].

Several attempts have been made to develop sulfonated polyazoles [148,
149] and polybenzazoles [150–160]. Sulfonated poly-1,3,4-oxadiazoles have
been prepared by the interaction of 5-sulfoisophthalic acid with hydrazine
sulfate in polyphosphoric acid (PPA) [148, 149]

Scheme 15

Sulfonated polybenzimidazoles have been prepared by polycondensation
of sulfoterephthalic acid and disulfoisophthalic acid with 3,3′-diaminoben-
zidine using high temperature solution polycondensation in PPA [150–153].

Scheme 16

The polymers obtained were soluble in sulfuric acid, some organic sol-
vents, and aqueous strong alkaline solutions. The polymers were stable up
to 400 ◦C, but they yielded polybenzimidazoles by eliminating sulfonic acid
groups, instead of ring closure.

Sulfonated polybenzobisimidazoles were prepared by the interaction of
1,2,4,5-tetraaminobenzene tetrahydrochloride with sulfoterephthalic acid
[154, 155] and 5-sulfoisophthalic acid [156] using high temperature solution
polycondensation in PPA.

Alternatively polybenzobisimidazoles were prepared by the interaction of
1,2,4,5-tetraaminobenzene tetrahydrochloride with 4-carboxy-2-sulfobenzoic
anhydride [157]:



Proton-Exchanging Electrolyte Membranes Based on Aromatic Condensation Polymers101

Scheme 17

The same synthetic approach was used for the preparation of sulfonated
polybenzobisthiazoles [157] (Scheme 17).

Aromatic polyelectrolytes based on sulfonated poly(benzobisthiazoles)
(PBTs) have been synthesized also by polycondensation of sulfo-containing
aromatic dicarboxylic acids with 2,5-diamino-1,4-benzenedithiol dihydrochlo-
ride (DABDT) in freshly prepared PPA [158].

Scheme 18
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Several sulfonated PBTs, poly[(benzo[1,2-d:4,5-d′]bisthiazole-2,6-diyl)-2-
sulfo-1,4-phenylene] sodium salt (p-sulfo PBT), poly[(benzo[1,2-d:4,5-d′]-
bisthiazole-2,6-diyl)-5-sulfo-1,3-phenylene] sodium salt (m-sulfo PBT), their
copolymers, and poly[(benzo[1,2-d:4,5-d′]bisthiazole-2,6-diyl)-4,6-disulfo-
1,3-phenylene] potassium salt (m-disulfo PBT), have been targeted and the
polymers obtained characterised by 13C-NMR, FT-IR, elemental analysis,
thermal analysis and solution viscosity measurements. Structural analysis
confirms the structure of p-sulfo PBT and m-disulfo PBT, but suggests that
the sulfonate is cleaved from the chain during synthesis of m-disulfo PBT.
The polymer m-disulfo PBT dissolves in water as well as strong acids, while
p-sulfo PBT dissolves well in strong acids, certain solvent mixtures contain-
ing strong acids, and hot DMSO. TGA indicates that these sulfonated PBTs
are thermally stable up to over 500 ◦C. Free-standing films of p-sulfo PBT,
cast from dilute neutral DMSO solutions, are transparent, tough, and orange
in colour. Films cast from basic DMSO are also free standing, while being
opaque yellow-green.

Sulfonated polybenzoxazoles were prepared from 5-sulfoisophthalic or 2-
sulfoterephthalic acids and different bis-(o-aminophenols) [159].

Disulfonated polybenzoxazoles were prepared by the interaction of
2,2′-bis-(3-amino-4-hydroxy-phenyl)hexafluoropropane with disodium-2,2′-
disulfonate-4,4′-oxydibenzoic acid and 4,4′-oxydibenzoic acid using PPA as
the polymerisation media [160].

Scheme 19

2.3
Properties of Sulfonated Aromatic Condensation Polymers

The most important properties of sulfonated ACPs are their thermal sta-
bility, water uptake and proton conductivity. PEMFCs and electrochemical
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devices on their basis operating in a temperature range of 100–200 ◦C require
polymer electrolyte membranes characterised by fast proton transfer. The
operation of PEMFCs at elevated temperature has a number of advantages.
It causes an increase in the rates of fuel cell reactions and reduces catalyst
poisoning with absorbed carbon monoxide, thus reducing the demand for
catalysts.

Thermal stability of polymer membranes based on S-PPBP has been
studied [7, 35] by sample heating followed by elemental analysis (thermo-
gravimetric analysis, or TGA, at a heating rate of 10 ◦C min–1 under nitrogen)
(Fig. 11).

According to the results of TGA studies, S-PPBP showed a mass loss of
nearly 20% in the temperature range between 250 and 400 ◦C, which corres-
ponds to the decomposition of sulfonic acid groups.

The dependence of the degradation temperature, (Td), of S-PPBP and
S-PEEK on the degree of sulfonation is presented in Fig. 12.

Degradation of sulfonated polymers was observed between 250 ◦C and
350 ◦C, i.e., at temperatures that are much lower then those for non-
sulfonated PPBP and PEEK.

As the degree of sulfonation increased, the degradation temperatures de-
creased from 500 down to 300 ◦C for S-PEEK, and from 500 down to 250 ◦C
for S-PPBP. The results of elemental analysis of residues indicate a dramatic
(nearly ten-fold) decrease in sulfur content of the polymers after heating
at temperature above 400 ◦C. These data confirm that thermal stabilities of
polymers are sufficient for fuel cell application even at high sulfonation lev-
els [7, 35].

Fig. 11 TGA curve of S-PPBP with 80 mol % sulfonation level [7, 35]
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Fig. 12 Degradation temperature of S-PEEK (1) and S-PPBP(2) as a function of sulfona-
tion level [7, 35]

Other proton-conducting polymer electrolytes based on sulfonated aro-
matic condensation polymers also show the onset of thermal degradation at
temperatures between 200 and 400 ◦C. Desulfonation of arylsulfonic acids oc-
curs readily upon heating their aqueous solution up to 100–175 ◦C. Therefore,
desulfonation imposes limitations on the thermal stability of sulfonated aro-
matic condensation electrolytes. It should be mentioned that the presence of
bulky substituents attached to the phenyl rings can, to some extent, favour an
increase in the onset of thermal degradation temperature.

According to Tsuchida et al. [96], highly sulfonated poly(phenylene sulfide)
exhibits higher thermal stability compared to other sulfonated aromatic poly-
mer electrolytes. This conclusion was based on the results of a TGA study of
thermal stability of poly(thiophenylenesulfonic acid) with different degrees of
sulfonation. The degradation temperature of highly sulfonated polymer (de-
gree of sulfonation m = 2, 0) is 265 ◦C, which is 125 ◦C higher than that of
the low sulfonated polymer (m = 0, 6). The C – S bond in highly sulfonated
polymer is stronger due to the presence of two electron-withdrawing sulfonic
acid substituents in each benzene ring. The initial mass loss of this poly-
mer at 265–380 ◦C is only 13%, which correspond to the loss of two H2O
molecules per repeating unit. Therefore, the desulfonation reaction in this
polymer slows down upon introduction of the electron-acceptor.

Water is carried into the fuel cell with humidified gas (H2, O2) steams and
enters electrodes as a result of gas diffusion. A mixture of liquid water and
water vapours passes through each electrode towards the electrode/electro-
lyte interface and crosses it, thus assisting the hydration of electrolyte mem-
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branes. Oxygen reduction at the cathode provides an additional source of
water.

Water transport through the membrane occurs due to electro-osmotic
drag of water by proton transfer from anode to cathode and due to diffusion
of water molecules across concentration gradients.

Optimum hydration level of electrolyte membranes is a key factor for nor-
mal fuel cell operation. If the electrolyte membrane is too dry its conductivity
decreases, whereas an excess of water in the membrane can lead to cathode
flooding. In both cases fuel cell performance drops.

Absorbtion of water vapour by polymer films prepared from S-PEEK and
S-PPBP was studied by placing films into the atmosphere with different hu-
midities and subsequent measuring of the equilibrium water content. The
results obtained were found to be close to those reported in similar studies
for Nafion membranes [10]. The dependence of water uptake for S-PEEK and
S-PPBP films on relative humidity at room temperature is shown in Fig. 13.

Assuming the water activity and water content in the membrane obey
Raoult’s law, the activity coefficient of water in the polymer is larger than
unity at relative humidities exceeding a particular value. The equilibrium
content of water in S-PEEK and S-PPBP increases as the sulfonation level in-
creases. At relative humidities in the range from 0% to 50% (first region)
a relatively small increase in the water uptake is observed, whereas an in-
crease in the relative humidity from 50% to 100% (second region) leads to
a much greater increase in the water uptake. The first region corresponds
to water uptake due to solvation of the proton and sulfonate ions. During

Fig. 13 Water uptake of S-PPBP (1–3) and S-PEEK (4) at room temperature as a function
of relative humidity [7]. Concentration of SO3H groups in the polymer (mol %): 30 (1),
65 (2), 80 (3) and 65 (4)
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solvation, water is involved in the interaction with ionic components of the
polymer. These interactions overcome the tendency of the polymer to exclude
water due to its hydrophobic nature and resistance to swelling [7]. The second
region corresponds to the uptake of water involved in polymer swelling.

The content of water in S-PPBP at 65 mol % sulfonation is higher than for
S-PEEK with the same sulfonation level. At a relative humidity of 100% and
room temperature, the content of water in S-PPBP and S-PEEK is 8.7 and
2.5 molecules per sulfonic acid group, respectively.

Picnometric measurements showed that the densities of the polymers
with a sulfonation level of 65 mol % were 1.338 (S-PEEK) and 1.373 g cm–3

(S-PPBP). According to the results obtained by scanning electron microscopy,
both polymers exhibited very close characteristics of their surface and frac-
ture surface.

The difference in water uptake between S-PEEK and S-PPBP can be
attributed to flexibility of the phenoxybenzoyl group in the side chain of
S-PPBP, which favours water permeation into the polymer and water ab-
sorption by the terminal sulfonic acid group. Water uptake of S-PPBP is
comparable to that of Nafion membranes.

DTA studies revealed a rather strong interaction between water molecules
in sulfonated hydrocarbon polymers and their sulfonic acid groups, which
leads to high proton conductivities at high temperature and low humidity.

Proton conductivity of sulfonated poly(phenylene sulfide) is 10–5 S cm–12

at room temperature and relative humidity of 30%. The conductivity expo-
nentially grows with the increase in relative humidity and reaches a value of
2×10–2 cm–1 at 94% humidity (Fig. 14).

Fig. 14 Proton conductivity of the sulfonated polyphenylene sulfide (Scheme 2) (m = 2) at
room temperature as a function of relative humidity [95]
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In this case, the content of water in the polymer is 10.3 molecules per sul-
fonic acid group. The maximum conductivity of sulfonated poly(phenylene
sulfide) (m = 2.0) at 80 ◦C was 4.5×10–2 S cm–1.

Experiments [7] on water absorption by S-PEEK and S-PPBP films showed
that proton conductivities of the films containing equilibrium amounts of
absorbed water depend on the relative humidity. Fig. 15 represents the de-
pendency of the proton conductivities of S-PEEK and S-PPBP with different
sulfonation levels as a function of relative humidity.

It becomes clear that proton conductivities of the films increase with the
relative humidity and water uptake and can become as high as 10–5 S cm–1

(for S-PEEK).
The proton conductivities for S-PEEK and S-PPBP with equal degrees of

sulfonation (65 mol %) at a 100% relative humidity can be compared using
the graphs shown in Fig. 16.

It is obvious that the proton conductivities and water uptake for S-PPBP
are much higher than those for S-PEEK. Moreover, the proton conductivity
for S-PEEK dramatically decreases at temperature above 100 ◦C, whereas that
of S-PPBP appears to be much less temperature dependent.

Sulfonated poly(phenylene sulfide) and S-PPBP exhibit stable proton con-
ductivities at elevated temperatures. For this reason, they are considered
as prospective polymers for manufacture of proton-conducting electrolyte
membranes operating at elevated temperatures and low humidity.

On the contrary, the conductivity of perfluorinated polymer electrolytes
usually appreciably decreases with increasing temperature, that is, the con-
ductivity of such electrolytes at 80 ◦C is by an order of magnitude lower than

Fig. 15 Proton conductivity of S-PEEK (1) and S-PPBP (2–5) with different sulfona-
tion levels as a function of relative humidity at room temperature [7]. Sulfonation level
(mol %): 65 (1), 30 (2), 65 (3), 80 (4) and 85 (5)
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Fig. 16 Temperature dependences of proton conductivity as S-PPBP (1) and S-PEEK (2)
with the same degrees of sulfonation (65 mol %) at a relative humidity of 120% [7]

at 60 ◦C. Perfluorinated polymer membranes become less conducting at high
temperatures, since the loss of water causes the channels to collapse, thus
making proton transport more difficult.

In particular, proton conductivity of Nafion membranes at temperatures
above 100 ◦C dramatically decreases due to their dehydration.

Figure 17 represents temperature dependences of the proton conductivity
of S-PEEK with a sulfonation degree of 85 mol % at different relative humidity
values.

Similarly to Nafion, the proton conductivity of S-PEEK substantially drops
as the humidity decreases [86]. The dependence of proton conductivity on

Fig. 17 Temperature dependence of proton conductivity of an S-PEEK membrane with
sulfonation level of 85% at relative humidity of 50% (1), 70% (2) and 90% (3) [7]
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humidity reflects a tendency of S-PEEK to absorb water vapours. This can
be attributed to a “liquid” proton conductivity mechanism when protons are
transported in the form of hydronium ions through water-filled pores of the
membrane [32].

S-PEEK samples exhibit a slight increase in conductivity with tempera-
ture at all relative humidities (50%, 70% and 90%). This can be due to the
strong interaction between the sulfonic acid groups and the absorbed water
molecules.

Proton-conducting polymer electrolyte membranes based on ACPs such as
S-PPBP and sulfonated poly(phenylene sulfide) contain rather large amounts
of bound water. This seems to be the reason for such a salient feature of these
membranes as an increased proton conductivity at high temperatures and/or
low humidities. This conclusion was confirmed by the results of differential
scanning calorimetry (DSC) studies of these systems [7].

3
Alkylsulfonated Aromatic Condensation Polymers
and Proton-Conducting Electrolyte Membranes on their Basis

The major drawback of sulfonated proton-conducting polymer electrolytes
is their degradation at 200–400 ◦C occurring due to desulfonation. By in-
troducing alkylsulfonated substituents into the macromolecules of aromatic
polymers one can prepare thermostable proton-conducting polymers. Their
electrochemical properties can be controlled by varying the number of sub-
stituents and the length of alkyl chains. Water uptake and proton conductivity
of alkylsulfonated polymers are close to those of sulfonated electrolytes that
exhibit high thermal and chemical stability and mechanical strength.

Poly(p-phenyleneterephthalamido-N-propylsulfonate) and poly(p-phe-
nyleneterephthalamido-N-benzylsulfonate) were synthesised using corre-
spondent polyamides containing reactive NH groups [161]. The polyamides
were modified by treatment with NaH in DMSO [161, 162], and the result-
ing polyanion obtained was introduced into the reaction with 1,3-propane
sultone (Scheme 20).

A similar approach was employed for the modification of poly(benzimi-
dazoles) (PBI) [163–171].

Yet another synthetic route to obtaining sulfonated PBI involves treat-
ment of the above mentioned polyanion with 4-bromobenzyl sulfonate result-
ing in poly[2,2′-m-phenylene-bi(N-benzylsulfonate)benzimidazolo-5,5′-diyl]
(Scheme 21).

Compared to starting polymers, alkylsulfonated PBI is more soluble in po-
lar organic solvents (DMAA or DMSO). The solubility depends on the degree
of alkylsulfonation.
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Scheme 20

Scheme 21

The degree of alkylsulfonation as a function of the ratio of 1,3-propane
sultone to PBI is represented in Fig. 18.

The degree of alkylsulfonation of NH groups in PBI was estimated consid-
ering the results of 1H NMR study and elemental analysis. This parameter can
be controlled easily by varying the ratio of 1,3-propane sultone to PBI. For in-
stance, the alkylsulfonation level can be as high as 60 mol % at 1,3-propane
sultone: PBI ratio of 5.0.

An attempt to synthesise ethylphosphorylated PBI using the above-
mentioned treatment of PBI (Scheme 22) was reported [7].

The substitution reaction at the NH sites of benzimidazole rings was per-
formed successfully, but the resulting polymer appeared to be insoluble in
organic solvents. The reason for this can be aggregation of phosphoric acid
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Fig. 18 Degree of alkylsulfonation of PBI as a function of 1,3-propane sultone: PBI
ratio [7]

groups during the substitution reaction. Ethylphosphorylated PBI exhibited
high proton conductivity (10–3 S cm–1) even in the pellet form. According to
the results obtained, the presence of polar phosphoric acid groups enhances
the proton conductivity of polymer electrolytes.

Alkylsulfonation and arylsulfonation of the starting aromatic polymers
was aimed at increasing their water uptake and proton conductivity while re-
taining high thermal stability. The polymers obtained were studied by TGA
in inert and oxidative atmospheres [166]. Parent PBI exhibits very high ther-
mal stability. In the inert atmosphere, the onset of its degradation occurs at
650 ◦C. The 5% mass loss is observed at 700 ◦C, and more than 80% of the
polymer’s initial mass is retained at 800 ◦C. Introduction of substituents that
are not conjugated with the polymer backbones reduces the degradation tem-
peratures in the inert medium, which is consistent with the expectations. The

Scheme 22
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degradation of poly[2,2′-m-phenylene-bi(N-benzylsulfonato)benzimidazolo-
5,5′-diyl] with 22% substitution begins at 480 ◦C, while the onset of the mass
loss process of poly{2,2′-m-phenylene-bi[N-(3-propylsulfo)benzimidazolo-
5,5′-diyl]} with a substitution level of 54% is observed at 450 ◦C. After the
removal of the substituting group the degradation slows down thus nearly
50–60% of the initial mass is retained at 800 ◦C.

The degradation of PBI in an oxidative atmosphere (dry air) begins at
520 ◦C, which is about 100 ◦C lower than the degradation temperature for this
polymer in an inert medium. Degradation temperatures of substituted PBI
in oxidative media are close to those of the unsubstituted ones. For all poly-
mers, the mass loss in air is much higher than in nitrogen and the amount of
residual char is much smaller. This happens primarily due to the lower sta-
bility of starting PBI in dry air and to some extent due to the introduction of
substituents.

In an inert atmosphere, poly(p-phenylene terephthalamide) (PPTA) is sta-
ble below 550 ◦C. Rapid mass loss of the polymer (up to 50% of initial mass)
begins at 600 ◦C. After modification with propylsulfonate side groups (66%
substitution) the polymer is stable below 400 ◦C; only 40% of its initial mass
is retained at 800 ◦C. The benzylsulfonated derivative of PPTA with a 66%
substitution level is more thermally stable compared to the propylsulfonated
derivative. Degradation of the latter begins at 470 ◦C. The decrease in mass
of a sample down to 50% of its initial mass is observed at 800 ◦C. The degra-
dation temperature of PPTA in a dry air atmosphere is 70 ◦C lower than
in nitrogen [166]. Comparison of degradation processes of benzylsulfonated
PPTA with 66% substitution in air and in nitrogen showed that the degra-
dation in air begins at a lower temperature. The major difference is that
the initial mass loss is higher, while the initial degradation is much smaller
at high temperature, which is due to oxidative degradation of the polymer
chains. Introduction of substituents into aromatic polymers reduces their
thermal stability irrespective of the medium in which degradation occurs.
This is the expected manner of changes in properties, since the side groups,
especially sulfonic acid groups, are not stabilised by conjugation with the
polymer backbones.

Gieselman and Reynolds concluded [166] that the benzylsulfonate side
group is more stable than the propylsulfonate group irrespective of the struc-
ture of the polymer backbone. This suggests that the side group occurs not
only at the N – C bond. The TGA study of benzylsulfonated PBI with 75%
degree of sulfonation in air at a heating rate of 1 ◦C min–1 showed that intro-
duction of benzylsulfonated groups into the polymer reduces its thermal sta-
bility. In this case, thermal degradation begins at 370 ◦C while the mass loss
in the temperature range 370–420 ◦C is attributed to the degradation of sul-
fonic acid groups. The degradation mechanism for these polymer electrolytes
seems to be very complex, since the results of TGA studies are affected by the
residual water, impurities, sulfonation level and measurement conditions.
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In air, arylsulfonated PBI is stable up to 350 ◦C, while benzylsulfonated PBI
is stable up to 500 ◦C. These results are hard to compare because of differ-
ent degrees of sulfonation of the PBI samples undergoing investigation. One
can assume that benzylsulfonated PBI is less stable than propansulfonated
PBI due to the presence of the weak Aryl–S bond. In fact, the degradation
temperature of benzylsulfonated PBI is comparable with the degradation tem-
peratures of polymeric electrolytes prepared via sulfonation with sulfuric
acid.

The thermal stability of anhydrous propylsulfonated PBI (PBI-PS) in an
atmosphere of nitrogen was studied by TGA at a heating rate of 5 ◦C min–1.
Prior to analysis, all samples were dried in vacuum at 60 ◦C for 48 h. However,
this polymer is hydroscopic and it rapidly reabsorbs water after drying. Be-
cause of this, it was dried in situ and then differential thermal analysis was
immediately performed.

In contrast to PBI, the degradation of PBI-PS was observed in the tempera-
ture range 400–450 ◦C. The decomposition temperature of PBI-PS decreases
as the degree of alkylsulfonation increases to 400 ◦C (Fig. 19); however, it
is higher than the degradation temperature of perfluorinated polymer elec-
trolytes (nearly 280 ◦C).

Degradation of PBI-PS was studied by elemental analysis and FT-IR
spectroscopy. It was found that the intensities of SO stretching vibrations
decreased after heating the PBI-PS samples above 400 ◦C for 1 h. These
results are similar to those reported by Gieselman and Reynolds [166]
who found that the degradation of PBI-PS occurs due to desulfonation.
Hence, alkylsulfonated PBI is more thermally stable than sulfonated aromatic
polymer electrolytes characterised by a degradation temperature between

Fig. 19 Degree of alkylsulfonation of PBI-PS as a function of alkylsulfonation level [7]
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200–350 ◦C. The thermal stability of alkylsulfonated polymer electrolytes
can be attributed to the strong chemical bond between the alkyl and the
sulfonic acid groups. The introduction of alkylsulfonic acid groups into ther-
mostable polymers involving alkane sultone is one of the most important
approaches to the preparation of thermostable proton-conducting polymer
electrolytes.

Introduction of arylsulfonic and alkylsulfonic acid groups into aromatic
polymer induces water absorption and makes them more hydroscopic. The
water uptake of PBI-PS was determined by measuring the mass of the poly-
mer before and after hydration. The dependence of the water uptake of PBI-
PS on the relative humidity is presented in Fig. 20.

As can be seen, the water uptake changes with the relative humidity. The
equilibrium water uptake of PBI-PS increases as the relative humidity and
degree of alkylsulfonation increases. The water uptake of PBI-PS with an
alkylsulfonation level of 73.1 mol % is 11.3 H2O molecules per SO3H group
at room temperature and a relative humidity of 90% (cf. 11.0 molecules
per SO3H group for Nafion 117 membranes under the same conditions).
This procedure was also employed for the synthesis of buthylsulfonated and
(methyl)propylsulfonated PBI (PBI-BS and PBI-MPS, respectively) via butane
sultone and methylpropane sultone. The water uptake of these polymers differ
from that of PBI-PS and are 19.5 (PBI-BS) and 27.5 (PBI-MPS) H2O molecules
per SO3H group at a relative humidity of 90%. The water uptakes of alkylsul-
fonated PBI depend on the length of alkyl chains and on the degree of chain
branching, that is, as the chain length and the degree of alkyl chain branch-
ing increase, the water uptakes also increases. This is thought to be associated

Fig. 20 Water uptake of PBI-PS as function of relative humidity at alkylsulfonation levels
of 49.3 mol % (1), 61.5 mol % (2) and 73.1 mol % (3) [7]



Proton-Exchanging Electrolyte Membranes Based on Aromatic Condensation Polymers115

with the greater flexibility of long alkyl chains and the larger amount of water
absorbed in the cavities between the branched chains.

The specific role of the absorbed water in polymer electrolytes and the
physical state of the water absorbed by polymer electrolytes were studied by
IR [172] and 1H NMR spectroscopy (low temperature relaxation time meas-
urements) [173] and DSC [7]. The DSC curve of a hydrated PBI-PS film
(73.1 mol %) containing 11.3 H2O molecules per SO3H group is shown in
Fig. 21.

T1 is the freezing temperature ( – 36.6 ◦C) and T2 is the melting tempera-
ture ( – 21.6 ◦C).

The DSC curve of anhydrous PBI-PS exhibited no peaks, whereas the DSC
curve of hydrated PBI-PS exhibited two peaks corresponding to phase tran-
sitions of absorbed water at –36.6 and 21.6 ◦C that were attributed to the
freezing and melting temperatures of the absorbed water, respectively.

A study of hydrated Nafion membranes under the same conditions re-
vealed a phase transition at 0 ◦C. These results indicate that the adsorbed
water in the Nafion membranes is bound to a lesser extent compared to PBI-
PS which can exist in the hydrated state even at elevated temperatures.

Wet PBI-PS films possess no electron conduction despite the fact that the
main polymer chains are conjugated. To elucidate the nature of charge carri-
ers in PBI-PS, the conductivity of PBI-PS films containing H2O and D2O was
measured [7]. The results of measurements are presented in Fig. 22.

As can be seen, the conductivity of the films containing water increased
with increasing water uptake and was higher than that of the PBI-PS films

Fig. 21 DSC curve of hydrated PBI-PS (73.1%) film containing 11.3 H2O molecules per
sulfonic acid group [7]
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Fig. 22

containing D2O in the same temperature range. This suggests that the charge
carrier in hydrated PBI-PS is a proton (hydronium ion).

The temperature dependence of proton conductivity of PBI-PS containing
the equilibrium amount of water is shown in Fig. 23.

Hydrated PBI-PS exhibits a high proton conductivity at room temperature.
The conductivity of a PBI-PS sample containing 3.1 H2O molecules per SO3H
group reached 10–5 S sm–1 at 80 ◦C and decreased slightly at higher tempera-
tures due to a small loss of water (∼ 10 mass %). The conductivity of a PBI-PS
film containing more than 5.2 H2O molecules per SO3H group increased as
the temperature increased and was as high as 10–3 S cm–1 at a temperature
above 100 ◦C. The proton conductivity of a PBI-PS film containing 11.3 H2O
molecules per SO3H group was 10–3 S cm–1.

The water uptake of a PBI-PS film placed in an atmosphere with a relative
humidity of 90% was compared with that of Nafion membranes. The proton
conductivity of Nafion membranes was as high as 10–3 S cm–1 at tempera-
ture; however, it decreased due to the loss of absorbed water at temperatures
above 100 ◦C. In contrast to this, hydrated PBI-PS exhibited a high proton
conductivity at a temperature above 100 ◦C.

The large water uptake and proton conductivity of PBI-PS at a temperature
above 100 ◦C are due to the specific properties of the polymer and the physical
state of absorbed water.

The proton conductivity of benzylsulfonated PBI at different values of
relative humidity has been studied [173]. It was found that the proton conduc-
tivity increases as the degree of the substitution increases. The polymer with
a 75% substitution level exhibited a conductivity of 10–2 S cm–1 at 40 ◦C and
a relative humidity of 100%.

The results obtained in the above mentioned studies suggest that the alkyl
sulfonated aromatic polymer electrolyte exhibit sufficient thermal stabilities
for fuel cell applications at 80 ◦C (a typical operating temperature for per-
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Fig. 23 Temperature dependences of proton conductivity of PBI-PS films with the same
water uptake (48%) and different degrees of sulfonation (a) and with the same degree
of sulfonation (73.1%) and different water uptakes (b) [7]; (a): degree of sulfonation
(mol %): 49.3 (1), 61.5 (2), and 73.1 (3) (b): water uptake : 11.2 (1), 25.0 (2), 29.0 (3) and
48 (4)

fluorinated polymer electrolyte membranes). The water uptake and proton
conductivity of this polymer are close to the corresponding values for perflu-
orinated polymer electrolytes at temperatures below 80 ◦C but are larger than
the latter at temperatures above 80 ◦C.

The absorbed water molecules are more strongly bound to alkylsulfonated
rather than perfluorinated polymers. One can assume that this is related to
the difference in the absorbtion mechanisms and to the physical state of ab-
sorbed water in PBI-PS and perfluorinated polymer electrolytes.

A series of new sulfonated polymers where the sulfonic acid units are
separated from the polymer main chains via short molecular spacers were
developed [174, 175] using treatment of polyethersulfones with BuLi lead-
ing to the formation of lithiated polymers and subsequent transformations
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under the action of bromoalkanesulfonates, butansultone or 2-sulfobenzoic
acid cyclic anhydride.

Scheme 23

Recently conjugated polyelectrolytes containing alkylsulphonic and alkyl-
phosphonic groups have received considerable interest [176–180]. Sulfonate-
substituted poly(p-phenylene) was prepared [176] using Suzuki co-polymeri-
sation of 1,4-benzenediboronic acid with sulfonate monomer in three steps
starting from 1,4-dimethoxybenzene:

Scheme 24



Proton-Exchanging Electrolyte Membranes Based on Aromatic Condensation Polymers119

Several years later, Reynolds and co-workers [179] extended this work to
prepare another sulfonated poly(p-phenylene) using the same approach by
replacing 1,4-diboronic acid with 4,4′-biphenyl diboronic ester:

Scheme 25

In a recent paper Shanze and co-workers [177] reported the synthesis of
poly(p-phenylene ethynylene) which was obtained by Sonogashira coupling
in accordance with the following scheme:

Scheme 26

The resulting polymer was obtained in a 68% yield, and it was soluble in
water and low molecular weight alcohols. A molecular weight of 100 kD was
estimated by the polymer’s ultrafiltration properties and by iodine end-group
analysis.

In a recent preliminary report [178] Shanze et al. described poly(phenyl-
ene ethynylene) which features phosphonate groups appended to the polymer
backbone:
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Scheme 27

The phosphonate polymer was prepared via a neutral precursor polymer,
which was soluble in organic solvents, enabling the material to be char-
acterised by NMR and GPC. Sonogashira polymerisation of phosphonate
monomer and 1,4-diethynylbenzene afforded neutral polymer in a 46% yield.
Analysis of the neutral precursor polymer indicated Mw = 18.3 Kd and poly-
dispersity 2,9.

The target polymer was prepared by bromotrimethylsilane-induced cleav-
age of the n-butyl phosphonate ester groups in neutral precursor polymer.
After neutralisation of the reaction mixture with aqueous sodium hydroxide,
the target polymer has exhibited good solubility in water.

4
Proton-Exchanging Electrolyte Membranes
Based On Polymer Complexes

Proton-conducting membranes used in PEMFC operate under severe condi-
tions (see above). Recently, complexes of basic polymers with strong acids
have attracted considerable interest. Such complexes are characterised by sta-
ble electrochemical properties and large water uptakes at high temperature.
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Recently, new proton-conducting polymer electrolyte membranes based
on PBI – orthophosphoric and other strong acid complexes have been pro-
posed for use in PEMFCs [181–188].

Fig. 24

The most important advantages of this polymer electrolyte over perfluo-
rinated polymer electrolytes and other acid – basic polymer complexes are
that PBI/H3PO4 possesses conductivity even at low activity at water and high
thermal stability of these systems. The materials based on these complexes are
expected to operate over a wide range from room to high temperature in both
humid and dry gas. Such complexes are prepared by immersing PBI films into
phosphoric acid solutions. In particular, the preparation of PBI-strong acid
complexes by immersion PBI films into solutions of strong acids in methanol
was reported [187, 189]. The absorption level of strong acid molecules in-
creased with an increase in the concentration of the strong acid and reached
up to 2.9 molecules per repeating unit for polymer complexes PBI/H3PO4. IR
spectroscopy study of the complexes revealed that the acid molecules, except
for H3PO4 protonate the nitrogen atoms in the imidazole ring. Phosphoric
acid (H3PO4) is incapable of protonating the imidazole groups in PBI but in-
teracts with them via the formation of strong hydrogen bonds between NH
and OH groups.

PBI films doped with phosphoric acid were prepared by immersion of PBI
films in aqueous solutions of phosphoric acid for at least 16 h [181–185].
Upon equilibration in a 11 M H3PO4 solution a doping level of ∼ 5 phosphoric
acid molecules per repeating unit of the polymer was achieved.

PBI membranes loaded with high levels of phosphoric acid were prepared
using a new sol-gel process [190]. This process, termed the PPA process, uses
PPA as the condensing agent for the polycyclocondensation and the mem-
brane casting solvent. After casting, absorption of water from the atmosphere
causes hydrolysis of the PPA to phosphoric acid.

The thermal stability of PBI-strong acid polymer complexes was studied by
TGA and DTA. Fig. 25 presents the TGA curves of polybenzimidazole and its
complexes with strong acids.

As can be seen, PBI exhibits an extremely high thermal stability over the
entire temperature range. Small mass losses by all samples at temperatures
below 200 ◦C are due to the loss of water and solvent present in the mem-
branes.

Typical proton-conducting polymer electrolytes undergo considerable
degradation in the temperature range under study.
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Fig. 25 TGA curves of PBI (1) and its complexes with H3PO4 (2), H2SO4 (3), MeSO3H (4)
and EtSO3H (5) [7].

A decrease in the degradation temperature of polymer complexes PBI/
H3PO4 was expected because of the complexation of acid molecules which
easily corrodize and oxidise the polymer macromolecules. However, no
degradation was observed under the nitrogen atmosphere. At the same time,
thermal decomposition of PBI complexes with H2SO4, MeSO3H, EtSO3H be-
gins at 330, 240 and 220 ◦C respectively. After thermal decomposition of these
polymer complexes in the temperature range 220–400 ◦C the residues were
50% of the initial masses of the samples. Therefore, complexation of PBI with
H2SO4, MeSO3H, EtSO3H results in a loss of thermal stability. The decom-
position of complexes is first of all due to elimination of acid molecules. This
assumption was confirmed by the results of elemental analysis. At tempera-
tures above 400 ◦C, the PBI chains gradually decompose under the action of
high temperature and strong acids.

Complexes PBI/H3PO4 are thermally stable up to 500 ◦C. It was found that
treatment of PBI with a phosphoric acid solution (27 mass %) improved the
thermal stability of the polymer [191]. This was associated with the formation
of benzimidazonium cations. Samms et al. [185] studied the thermal stabil-
ity of polymer complexes and showed that these complexes are promising for
use as polymer electrolytes in the hydrogen-air and methanol fuel cells. To
simulate the operating conditions in a high-temperature PEMFC, the polymer
complexes PBI/H3PO4 were coated with platinum black, doped with phos-
phoric acid (4.8 H3PO4 molecules per repeating unit of PBI) and heated in an
atmosphere of nitrogen and 5% hydrogen or in air in the TGA analyser. The
degradation products were identified by mass spectrometry. In all cases the
mass loss below 400 ◦C was found to be due to the loss of water. In addition,
it was found that polymer complexes PBI/H3PO4 coated with platinum black
are thermally stable up to 600 ◦C.
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Variation of the conductivity of polymer complexes PBI/H3PO4 as a func-
tion of water vapour activity, temperature and acid doping level was
studied [183]. It was shown that the conductivity of heavily-doped complexes
(500 mol %) is nearly twice as high as that of the film doped to 338 mol %
at the same temperature and humidity. For instance, the conductivity of PBI
doped with 500 mol % H3PO4 (5H3PO4 molecules per repeating unit of PBI)
is 3.5×10–2 S cm–1 at 190 ◦C and water vapour activity of 0.1.

Raising the temperature and water vapour activity causes an increase
in the conductivity of the polymers irrespective of the doping level of PBI
with phosphoric acid. In addition, it was found that crossover of methanol
molecules through the polymer complexes (Fig. 24) is by an order of mag-

Fig. 26 Temperature dependence of proton conductivity of anhydrous (a) and hydrated
(b) PBI complexes with H3PO4 (1), H2SO4 (2), EtSO3H (3), MeSO3H (4) [7]
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nitude smaller than in the case of perfluorinated polymer electrolytes and
that the mechanical strength of such complexes is three orders of magnitude
higher compared to that of Nafion membranes.

The proton conductivity of PBI polymer complexes prepared by the inter-
action of PBI with methanol solutions of strong acids was studied [7]. The
temperature dependences of the conductivities of anhydrous PBI-strong acid
polymer complexes are shown in Fig. 26a.

All anhydrous polymer complexes of PBI with strong acids possess a pro-
ton conductivity of the order of 10–6–10–9 S cm–1 at 100 ◦C. The conductivity
of polymer complexes PBI/H3PO4 can be as high as 10–5 S cm–1 at 160 ◦C,
whereas other PBI-acid complexes showed a decrease in the conductivity at
temperature above 80 ◦C. These results point to high thermal stability of poly-
mer complexes PBI/H3PO4.

To prepare hydrated systems, the films of PBI-strong acid polymer com-
plexes were placed in a desiccator with a relative humidity of 90% for 72 h.
The water uptake of the complexes were 13–26 mass %. The proton conduc-
tivity of the hydrated PBI-strong acid polymer complexes was found to be
nearly an order of magnitude higher than the conductivity of anhydrous
polymer complexes (Fig. 26b). This difference can be explained by the im-
provement of charge carrier generation in the absorbed water.

Changes in the proton conductivity at room temperature are especially re-
markable. Fig. 27 presents the temperature dependences of the conductivities
of anhydrous complexes PBI/H3PO4 with different acid contents. As can be
seen, the conductivity of polymer complexes PBI/H3PO4 increases with the
concentration of H3PO4.

Fig. 27 Temperature dependence of proton conductivity of anhydrous PBI/H3PO4 com-
plexes containing 1.4 (1), 2.0 (2), 2.7 (3), 2.3 (4), 2.9 (5) H3PO4 molecules per PBI units [7]
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Fig. 28

The temperature dependences of the conductivities of polymer complexes
PBI/H3PO4 are quite different: in this temperature range the conductivity is
low. This suggests that two H3PO4 molecules quantitatively react with the
PBI units containing two imidazole groups. As a consequence, an excess of
H3PO4 determines the necessary proton conductivity. A study of PBI/H3PO4
polymer complexes by FT-IR spectroscopy showed that the spectra exhibited
three characteristic absorption maxima near 1090 cm–1 HPO4

–2, 1008 cm–1

(P-OH) and 970 cm–1 H2PO4
–1 [192–195]. As the concentration of H3PO4,

the intensity of the absorption maxima of HPO4
–2 and H2PO4

– increases.
This suggests that proton conductivity can occur by the Grotthus mechan-
ism [196] involving an exchange of protons between H3PO4 and PO4

–2 or
H2PO4

–.
Anhydrous sulfonated aromatic polymers are highly brittle. Recently [197],

new materials with high mechanical strength were reported. They were pre-
pared using a polymer blending technique by combining PBI and sulfonated
polymers (S-PEEK or ortho-sulfonated polysulfone) (Fig. 28).

Such polymer blends exhibit high proton conductivities, moderate swelling
values and high thermal stabilities. The specific interaction of SO3H groups
with basic nitrogen atoms was confirmed by FT-IR spectroscopy. The acid-
base interaction between the sulfonated polymer and PBI provided a material
with high mechanical strength and thermal stability.

Along with PBIs for the preparation of basic polymer strong acid com-
plexes polyphenylquinoxaline [198],

Fig. 29

poly-1,3,4-oxadiazole [199]
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Fig. 30

and pyrrole-containing polyquinoline [200] were used:

Fig. 31 Temperature dependence of conductivity for PCPQ/H3PO4 and PBI/H3PO4 com-
plexes at 3.8 and 1.5 mol unit–1

The last polymer with good solubility in DMAC was chosen to prepare
a membrane and to examine the proton conductivity. For comparison, the
PBI was also measured under the same experimental conditions.

Temperature dependences of conductivity for PCPQ/H3PO4 and PBI/
H3PO4 complexes at 3.8 and 1.5 mol unit–1, respectively, are shown in
Fig. 32:

Fig. 32
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As can be seen from Fig. 32, the conductivities of PCPQ/H3PO4 and
PBI/H3PO4 complexes increased with temperature, and the PCPQ/H3PO4
complex exhibited a higher conductivity compared with that of the PBI/
H3PO4 complex, reaching 1.5×10–3 S cm–1 at 157 ◦C, while the conduc-
tivity of PBI/H3PO4 complex was 7×10–5 S cm–1 at 150 ◦C. In addition,
under the same experimental conditions PCPQ could complex more H3PO4
(3.8 mol unit–1 than PBI (1.5 mol unit–1. That may be the main reason for
PCPQ/H3PO4 having a higher conductivity.

5
Fuel Cell Applications of Proton-Exchanging Membranes
Based On Aromatic Condensation Polymers

Two blend polymer electrolytes containing acid and basic functional groups
(90 mass % PEEK and 10 mass % PBI or 95 mass % PES and 5 mass %
PBI) were applied in H2/O2 fuel cells. The current vs. voltage curves of
the membranes in the fuel cells were comparable with that of Nafion
112 membranes [197].

Fuel cell tests of membranes based on sulfonated PES showed [7] a cell
voltage of 550 mV at a current density of 700 mA cm–2 (atmospheric pressure,
humidified gases, 70 ◦C). No significant loss of membrane performance was
observed after long-term operation (1000 h) under fuel cell conditions.

The maximum power of fuel cells with S-PPBP membranes reaches
0.3 W cm–2 at a current density of 800 mA cm–2. The conductivity of the elec-
trolyte membranes was 3×10–3 S cm–1; the membrane thickness and surface
area were 0.01 cm and 3.15 cm2, respectively.

The maximum power of fuel cells H2/O2 and CH3OH/O2 with a mem-
brane based on polymer complexes PBI/H3PO4 [7] was as high as 0.25 W cm–2

at a current density of 700 mA cm–2. The electrical resistance of electrolyte
membranes was 0.4 Ω, the thickness and surface area of the membranes were
0.01 cm and 1 cm2, and the doping level was 500 mol %. The measured elec-
trical resistance of the cell was equivalent to a conductivity of 0.025 S cm–1.
It was found that the electrical resistance of the fuel cell is independent of
the water content in the gas (water produced at the cathode is sufficient
for maintaining the necessary conductivity of the electrolyte). This type of
fuel cell was characterised by continuous operation at a current density of
200 mA cm–2 over a period of 200 h (and for longer time periods) without
reduction of the membrane performance.

The power of CH3OH/O2 fuel cells at 200 ◦C and atmospheric pressure
reached 0.1 W cm–2 at a current density of 250–500 mA cm–2. The conductiv-
ity of membranes operating under these conditions remained constant in the
temperature range 30–140 ◦C.
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6
Conclusions

To summarise, the aforesaid shows that aromatic condensation polymers
can be thought of as candidates for fuel cell applications; the structure of
ACP-based polymer electrolytes can be modified with ease; these polymer
electrolytes possess a large water uptake and high proton conductivity at
high temperature and low humidities, as well as sufficient thermal and chem-
ical stability. Further investigations to design proton-conducting materials
exhibiting long-term thermal stability and mechanical strength, capable of
operating at high temperatures without humidification and further improve-
ment of fuel cells are required.
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Abstract The development of polymer-clay nanocomposite materials, in which nano-
meter-thick layers of clay are dispersed in polymers, was first achieved about 15 years ago.
Since then, the materials have gradually become more widely used in applications such
as automotive production. The first practical nylon-clay nanocomposite was synthesized
by a monomer intercalation technique; however, the production process has been further
developed and a compound technique is currently widely used. A polyolefin nanocom-
posite has been produced by the compound method and is now in practical use at small
volume levels. In this review, which focuses on nylon- and polyolefin-nanocomposites,
detailed explanations of production methods and material properties are described. This
article contains mainly the authors’ work, but aims to provide the reader with a compre-
hensive review that covers the works of other laboratories too. Lastly, the challenges and
directions for future studies are included.

Keywords Clay · Hybrid Intercalation · Nylon · Polyolefin

1
Introduction

An example of a typical material composition is the combination of a polymer
and a filler. Because compounding is a technique that can complement the
drawbacks of conventional polymers, it has been studied over a long period
and its practical applications are well known. Reinforcing materials such as
“short-fiber” are often used for compounding with thermoplastic polymers
in order to improve their mechanical or thermal properties. Polypropylene
and polyamide (nylon) are used for the thermoplastic polymers, while glass
fiber and carbon fiber are mainly used as reinforcing materials. A few µm
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of filler are typically incorporated into the composite materials to improve
their properties. The polymer matrix and the fillers are bound together by
weak intermolecular forces; chemical bonding is scarcely involved. If the re-
inforcing material in the composite can be dispersed on a molecular scale
(nanometer level) and can be bound to the matrix by chemical bonding,
then significant improvements in the kinetic properties of the material can
be achieved or unexpected new properties may be discovered. These are the
general goals of polymer nanocomposite studies. In order to achieve this
purpose, clay minerals have been discussed as candidates for a filler mate-
rial. A layer of silicate clay mineral is about 1nm in thickness with platelets
of around 100 nm in width, so it represents a filler with a very large aspect
ratio. For comparison, if a glass fiber was 13 µm in diameter with a length
of 0.3 mm, it would be 4×10–9 times the size of a typical silicate layer. In
other words, if the same volumes of glass fiber and silicate were evenly dis-
persed, there would be roughly 109 times more silicate layers. Furthermore,
the specific surface area available would increase exponentially.

A nylon-clay hybrid (nanocomposite NCH) was originally developed by
the authors and was the first polymer nanocomposite to be used practically.
Since 1990, when it was first used, various studies and analyses of it have
been reported. An excellent review was published in 2003 [1]. In the present
review, which focuses on the authors’ studies, details on the NCH that we re-
ported initially and further developments in polypropylene and polyethylene
will be described. In Sect. 2, comprehensive classifications of the production
methods developed previously will be described, according to the synthesis
method employed. Thereafter, nylon will be discussed in Sect. 3, polyolefin in
Sect. 4, and renewable polymer (green polymer) will be discussed in Sect. 5.

2
Classifying the Production of Polymer-Clay Nanocomposites
According to the Synthetic Method Employed

2.1
Monomer Intercalation Method

In this method, clay is first ion-exchanged using an organic compound in
order for the monomer to be intercalated into the layers of the clay. The
monomers that form the intercalated layer will become a polymerized inter-
layer. The authors succeeded in producing a polyamide nanocomposite for
the first time using this method. The details will be described in Sect. 3. The
basic concept of the technique is as follows.

A polymerization to produce nylon 6 proceeds via the ring-opening poly-
merization of ε-caprolactam. This can occur in the presence of clay after
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Fig. 1 Schematic diagram of polymerization to NCH

ε-caprolactam is intercalated into a clay gallery such that the silicate layers
are dispersed uniformly in the nylon 6 matrix. It was found that organophilic
clay that had been ion-exchanged with 12-aminododecanoic acid could be
swollen by molten ε-caprolactam (the basal spacing expanded from 1.7 nm to
3.5 nm) [2]. ε-Caprolactam was polymerized in the clay gallery and the sili-
cate layers were dispersed in nylon 6 to yield a nylon 6-clay hybrid (NCH) [3].
This is the first example of an industrial clay-based polymer nanocomposite.
Figure 1 shows a schematic representation of the polymerization.

The modulus of NCH increased to 1.5 times that of nylon 6, the heat dis-
tortion temperature increased to 140 ◦C from 65 ◦C, and the gas barrier effect
was doubled at a low loading (2 wt %) of clay [4].

There is another example, in which ε-caprolacton is polymerized in a clay
gallery in the same manner. In this case, the gas permeability decreased to
about 20% under 4.8 vol % (12 wt %) of clay addition [5]. There is yet an-
other example of an epoxy resin-clay nanocomposite. In this case, the tensile
strength and modulus increased drastically upon the addition of 2–20 wt %
clay [6].

2.2
Monomer Modification Method

This is a method in which an acryl monomer is modified in a layer prior to
the polymerization of the acrylic resin.

In one example, a quaternary ammonium salt of dimethylaminoacry-
lamide (Q: modified monomer of acrylic resin) was ion-bonded to silicate
layers, while ethyl acrylate (EA) and acrylic acid (Aa) were copolymerized in
the clay gallery. The ratio between the EA and the Aa was 10 : 1 (molar ratio).
Four kinds of acrylic resin-clay nanocomposites were polymerized. Their clay
contents were 1, 3, 5 and 8 wt % on the basis of the solid acrylic resins. Sus-
pensions with greater than 3 wt % clay addition acted as pseudoplastic fluids.
Transparent acrylic resin-clay nanocomposite films cross-linked by melamine
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Fig. 2 Scheme of acrylic resin-clay nanocomposite

were formed, and the gas permeability of the films decreased to about 50%
under 3 wt % clay addition [7].

There are also some other reports of acrylic resin-clay nanocompos-
ites. A poly(methylmethacrylate) clay nanocomposite was synthesized using
a modified organophilic clay in the same manner [8], and by emulsion poly-
merization [9]. Figure 2 shows a schematic representation of this polymeriza-
tion method.

2.3
Covulcanization Method

The basal spacing of an organophilic clay ion-bonding nitrile rubber (NBR)
oligomer incorporating telechelic amino groups was expanded by 0.5 nm
from its initial spacing (1.0 nm) [10]. After this, high molecular weight NBR
was kneaded with this organophilic clay and vulcanized with sulfur. It pro-
duced an NBR-clay nanocomposite consisting of dispersed clay and co-
vulcanized high molecular weight NBR and NBR oligomer [11]. Its permea-
bility to hydrogen and water decreased to 70% on adding 3.9 vol % clay [12].

Figure 3 shows a schematic representation of this production method.

Fig. 3 Scheme of NBR-clay nanocomposite
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2.4
Common Solvent Method

In the case of the synthesis of polyimide, the polymerization solvent used
for polyamic acid (a precursor of polyimide) is usually dimethyl acetoamide
(DMAC). We found that clay ion-exchanged dodecyl ammonium ions could
be homogeneously dispersed in DMAC. A solution of this organophilic clay
and DMAC was added to a DMAC solution of polyamic acid. The film was
cast from a homogeneous mixture of clay and polyamic acid, and was heated
at 300 ◦C to achieve the desired polyimide clay nanocomposite film. Its per-
meability to water decreased to 50% upon addition of 2.0 wt % clay [13].
It was confirmed that its permeability to carbon dioxide also decreased by
half [14].

2.5
Polymer Intercalation Method

Polypropylene (PP)-clay hybrids cannot be easily synthesized because PP is
hydrophobic and has poor miscibility with clay silicates. Octadecyl ammo-
nium ions were used as modifiers for the clay, and a polyolefin oligomer was
used so that the clay became more compatible. Organophilic clay, a polyolefin
oligomer and PP were blended using an extruder at 200 ◦C. It was confirmed
by transmission electron microscopy (TEM) that the clay was dispersed in
a monolayer state in the PP matrix. Thus, PP was directly intercalated into the
clay gallery [15].

There is also a direct intercalation process in which PP is modified using
maleic anhydride, followed by melt compounding [16]. This is a useful pro-
cess from an industrial standpoint.

3
Nylon-Clay Nanocomposites

The first technique to be developed was the monomer intercalation method.
This chapter describes the results of studies and experiments that we con-
ducted to characterize this method.

3.1
Clay Organization and Monomer Swelling

If montmorillonite containing sodium ions between its layers is dispersed
in water, it turns into a state in which the silicate layers swell uniformly. If
the ammonium salt of alkylamine is added to this aqueous mixture, then the
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alkylammonium ions are exchanged with the sodium ions. As a result of this
reaction, a clay forms in which the alkylammonium ions are intercalated be-
tween the layers. Because the silicate layers in the clay are negatively charged,
they bond with the alkylammonium ions through ionic bonding if an ammo-
nium salt is injected. If the length and type of the alkyl chain are changed, the
hydrophilic and hydrophobic characteristics and other characteristics of this
organophilic clay can be adjusted such that surface modification of the clay
becomes possible.

A novel compounding technique was developed to synthesize nylon 6 in
a clay gallery by modifying the clay surface and intercalating monomers be-
tween the clay gallery. The organic materials that are required to synthesize
nylon 6 in a clay gallery through the surface modification of the clay must
satisfy the following three requirements:

1. The organic material must have an ammonium ion at one end of the chain
so that it can bond with clay through ionic bonding.

2. It must have a carboxyl group (– COOH) at the other end to react with
ε-caprolactam, which is a nylon 6 monomer, for ring opening and poly-
merization.

3. It must be polarized in such a manner as to allow the silicate layers to swell
in the ε-caprolactam.

It was found that 12-aminododecanoic acid (H2N(CH2)11COOH) meets all
of these requirements [2].

Using a homomixer, 300 g of montmorillonite was uniformly dispersed
in 9l deionized water at 80 ◦C. 154 g of 12-aminododecanoic acid and
72 g of concentrated hydrochloric acid were added to 2l deionized wa-
ter, and they were dissolved at 80 ◦C. This hydrochloric acid/salt water
solution of 12-aminododecanoic acid was mixed with the deionized wa-
ter in which the montmorillonite was dispersed and the mixture was
stirred for five minutes. The mixture was filtered to obtain aggregates,
and the obtained aggregates were washed twice with water at 80 ◦C.
They were then freeze-dried. In this way, organophilic clay was obtained
in the form of a fine white powder. This organophilic clay was called
“12-Mt.”

12-Mt and ε-caprolactam were well mixed in a mortar in a weight ratio
of 1 : 4, and they were then dried and dehydrated for 12 hours in a vacuum
desiccator containing phosphorous pentoxide. These specimens were left in
a temperature-controlled bath kept at 100 ◦C for one hour to cause the ε-
caprolactam substances to swell. They were subjected to X-ray diffraction
measurements at 25 ◦C and 100 ◦C. It was found that two distinct sizes were
present at the different temperatures: 3.15 nm (25 ◦C) and 3.87 nm (100 ◦C)
and that the one processed at 100 ◦C had caprolactam molecules intercalated
between the layers.
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3.2
Synthesizing the Nylon-Clay Nanocomposite

The mixture was placed in a glass reaction container of about 500 ml volume
and then dehydrated and deoxidized under a reduced pressure (5×10–2 torr).
The glass reaction container was then sealed. The mixture in this container
was further heated at 120 ◦C for 12 hours and at 250 ◦C for 48 hours to poly-
merize the ε-caprolactam. 12-Mt was added in weight percentages of 2, 5, 8,
15, 30, 50 and 70. After polymerization was complete, the mixture was taken
out of the reaction container and pulverized using a Fitz mill. The pulverized
materials were washed with water at 80 ◦C, and any residual monomers and
low-molecular weight compounds were removed. They were further dried for
12 hours at 80 ◦C in a vacuum to obtain NCH. The loadings of 12-Mt were ex-
pressed by wt %, and NCHs for each different loading of 12-Mt were called
NCH2, NCH5, and so on to NCH70.

Additional specimens were prepared by melting and kneading sodium-
type montmorillonite (unorganized type) and nylon 6 using a twin screw ex-
truder at 250 ◦C for the purpose of comparing them with the specimens pre-
pared as described above. This method of preparing specimens is commonly
used when compounding particulate fillers with polymers. The composite
material prepared in this way was called NCC (Nylon 6-Clay Composite), and
the NCC was compared with the NCH.

3.3
Characterization of NCH

Figure 4 shows the X-ray diffraction spectra. With NCH70 and NCH50, a clear
peak showing the interlayer distance associated with the d(001) plane of
montmorillonite was observed. With NCH30 and NCH15, however, the peak

Fig. 4 (a) X-ray diffraction patterns of NCH15, 30 and 50 (b) X-ray diffraction patterns of
NCH70 and 12-Mt
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Table 1 Basal spacing for NCHs

Content of Clay (wt %) Basal spacing from XRD

NCH2 1.5 . . .
NCH5 3.9 . . .
NCH8 6.8 . . .
NCH15 13.0 12.1
NCH30 26.2 6.0
NCH50 42.8 4.4
NCH70 59.6 2.6
12-Mt 78.7 1.7
Nylon 6 0 –

was weak and took the form of a shoulder. With NCH2, NCH5 and NCH8, no
peak was observed in the measurement range. The point where the inflection
rate reaches a maximum in the shoulder-shaped spectrum was defined as the
peak of d(001) to calculate the interlayer distance. The results are shown in
Table 1 [3].

Figure 5 shows the surfaces of press-molded NCH and NCC products. The
surface of the press-molded NCH product is smooth, whereas many aggre-
gates (clay minerals) on a millimeter-scale were observed on the surface of the
press-molded NCC product. Furthermore, many bubbles were observed dur-
ing the molding of the press-molded NCC product. This is thought to be due
to the effects of water contained in the sodium-type montmorillonite.

To observe the dispersed state of silicate layers in the NCH more closely,
the press-molded NCH product was observed using a TEM at high magnifi-
cation. The results of this observation are shown in Fig. 6. As shown in this
figure, the cross-sections of the silicate layers have a black, fibrous appear-
ance, and the silicate layers are uniformly dispersed at a molecular level in

Fig. 5 Surface appearances of NCC and NCH
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Fig. 6 Transmission electron micrograph of a section of NCH

nylon 6. It was found that the interlayer distances of the NCH15 and NCH30,
as measured by X-ray diffraction, are nearly equal to those measured by TEM.

The relationship between the interlayer distance ds in the silicate layers
and the amount of 12-Mt in the NCH was analyzed as follows. Providing that
the ratio of the amount of nylon 6 to the amount of 12-Mt is R, then Eq. 1
holds true:

R = �n · (ds – t)/�c · t (1)

in which R is nylon 6/12-Mt (g/g), �n is the concentration of nylon 6
(1.14 g/cm3), �c is the concentration of 12-Mt (1.9 g/cm2), and t is the inter-
layer distance of 12-Mt (1.72 nm).

If each of the symbols in Eq. 1 is replaced by the numerical values, we have:

ds = 2.87R + 1.72 . (2)

Figure 7 shows the ds values calculated using Eq. 2, as well as actual measure-
ments. The actual measurements are slightly lower than the calculated values.
These results show that each silicate layer is dispersed in nylon 6. The fact that
the actual measurements differ from the calculated values indicates that ny-
lon exists not only inside, but also outside the layers. The ratio pi of the nylon
inside the layers to the nylon inside and outside the layers can be calculated
using Eq. 3:

pi = (d0 – 1/dc – 1)×100 . (3)

in which d0 is the observed interlayer distance and ds is the interlayer distance
calculated using Eq. 2.

The pi value of NCH15 was 73.0% and that of NCH70 was 97.6%. The π

value increased as the amount of 12-Mt increased.
These results show that 12-Mt initiates the ε-caprolactam polymerization

and that most of the nylon is polymerized between the 12-Mt layers.
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Fig. 7 Relationship between ratio R of nylon 6/12-Mt and basal spacings. (ds) Solid line:
observed value, dotted line: calculated value from Eq. 2

Table 2 shows the results of measurements of the amount of montmo-
rillonite and the amount of terminal groups in each NCH. Figure 8 shows
a graph in which the concentration of terminal groups is plotted relative
to the amount of montmorillonite. If the amount of montmorillonite in-
creased, the concentration of carboxyl groups increased almost linearly, while
the amount of amino groups remained almost unchanged. In addition, the
amount of carboxyl groups far exceeded the amount of amino groups in each
NCH. This is thought to be attributed to the fact that the ions of some amino

Table 2 End group analysis results for NCHs

Content of CNH2 CCOOH Mn from CCOOH
Clay (wt %) from end group analysis (10–5 eq/g) (103)

NCH2 1.5 3.85 5.69 17.2
NCH5 3.9 4.86 9.49 10.0
NCH8 6.8 6.70 14.4 6.34
NCH15 13.0 8.04 22.9 3.80
NCH30 26.2 12.6 44.3 1.66
NCH50 42.8 12.1 70.6 0.810
NCH70 59.6 6.64 86.7 0.466
12-Mt 78.7 – – (0.216)a

Nylon 6 0 5.69 5.41 –

a Molecular weight of 12-aminolauric acid
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Fig. 8 Relationship between 12-Mt content and end group concentration

groups at the N-end of the nylon molecules combine with the ions of the
silicate layers of the montmorillonite to form ammonium ions.

If the montmorillonite content is Wm (wt %), the amount CNH3 + (mol/g)
of ammonium groups in NCH can be calculated based on the equivalence
between the montmorillonite’s cation exchange capacity (CEC) and the am-
monium groups, as shown in Eq. 4 below:

CNH3
+ = Wm×CEC/100 (4)

In this equation, CEC is 1.2×10–3 eq/g. The relationships between the amino,
carboxyl and ammonium groups are defined based on the equivalence be-
tween the N- and C-ends of the nylon 6 molecules, as shown in Eq. 5 below:

CNH3
+ + CNH2 = CCOOH (5)

in which CNH2 is the amount (mol/g) of amino groups and CCOOH is the
amount (mol/g) of carboxyl groups. Therefore, Eq. 6 can be formulated from
Eqs. 4 and 5 as follows:

CNH3 = CCOOH – CNH2 = Wm×1.2×10–5 . (6)

Table 3 shows the values calculated using Eq. 6 and the measured values
(CCOOH – CNH2). As is apparent from Table 3, both values are in good agree-
ment. This shows that the N-end of the nylon 6 turns into an ammonium
group and the ions in the ammonium group combine with the ions in the
montmorillonite layers. The number average molecular weight (Mn) of the
nylon 6 is expressed as the inverse number of the mole number per gram of
nylon 6. The number average molecular weight Mn of nylon 6 in NCH can
be calculated based on the amount CCOOH of end carboxyl groups and the
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Table 3 Calculated anion site number for clay and observed values of CCOOH – CNH2

CNH3+ CCOOH – CNH2
(10–5 eq/g)

NCH2 1.79 1.84
NCH5 4.64 4.60
NCH8 8.09 7.69
NCH15 15.5 14.9
NCH30 31.2 31.7
NCH50 50.9 58.5
NCH70 70.9 80.1

montmorillonite content Wm, as shown in Eq. 7 below:

Mn = 1/{CCOOH[100/(100 – Wm)]} . (7)

Table 2 shows the results of calculations made using this equation.
The molecular weight decreased as the amount of 12-Mt increased. As-

suming that the carboxyl group in 12-Mt is the only active site and that
the polymerization reaction progresses without side reactions, the molecular
weight Mn can be expressed by Eq. 8:

Mn – 216 = (1/Cm)× (1 – f )/f ×p (8)

Fig. 9 Relationship between ratio R of nylon 6/12-Mt and molecular weight (Mn). Solid
line: observed value, dotted line: calculated value from Eq. 9
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in which Cm is the amount of carboxyl groups in 12-Mt (9.6×10–4 mol/g),
f is the wt % of injected 12-Mt, p is the caprolactam inversion rate (%), and
216 is the molecular weight of 12-aminododecanoic acid.

Because (1 – f ) ·p/f = R, Eq. 8 can also be expressed as follows:

Mn = 1.04×103×R + 216 (9)

Mn values calculated using Eq. 9 as well as the measured Mn values are shown
in Fig. 9.

The gradient of the measured Mn values is smaller than that of the calcu-
lated values. This means that there were active sites other than that of the end
carboxyl group in the 12-Mt during polymerization.

The amount of other active sites was estimated from the gradient of the
graph in Fig. 9, and was found to be 4.8×10–4 mol/g. This means that about
0.8 wt % of water is contained in 12-Mt, and this weight percent figure was
supported by measured values.

3.4
Properties of NCH

The compound with up to 8 wt % of 12-Mt (NCH8) could be molded using
a 40 ton injection molder to make a test specimen. NCHs were prepared by
adding 2, 5 and 8 wt % of 12-Mt, and these NCHs were polymerized. NCH
with more than 8 wt % of 12-Mt had very poor flow properties, and could not
be molded. Therefore, the mechanical properties of this NCH could not be
measured.

Although 12-Mt was freeze-dried and used for analytical processing (dry
polymerization process), 12-Mt with some moisture content was used in this
experiment (wet polymerization process).

This wet process allows the freeze-dry process to be omitted and the poly-
merization time to be shortened. Therefore, it has the potential to be used for
the mass-production of nylon clay nanocomposites on a commercial basis.

3.4.1
Synthesis

This section describes in detail how NCH with 5 wt % of 12-Mt was polymer-
ized. 509 g of ε-caprolactam, 29.7 g of 12-Mt (with about 300 g of water), and
66 g of 6-aminocaproic acid were put in 31 separable flasks with stirrers, and
were subjected to a nitrogen substitution process. These flasks were then im-
mersed in an oil bath and stirred at 250 ◦C in a nitrogen gas flow for 6 hours.
Water overflowed the flasks due to distillation halfway through this process.
For the NCHs with 2, 5 and 8 wt %, polymerization was terminated when the
load on the stirrers increased to a certain level.
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After the flasks were cooled, aggregated polymers were removed from the
flasks and pulverized. They were then washed with water at 80 ◦C three times,
and any monomers and oligomers that remained unreacted were removed.
A series of NCH specimens were obtained in this way.

These specimens were labeled NCH2, NCH5 and NCH8, according to their
loadings of 12-Mt. Nylon 6 “1013B” (molecular weight: 13 000) made by Ube
Industries, Ltd. was used as a specimen that contained no montmorillonite.

3.4.2
Mechanical Properties

Table 4 shows the mechanical properties of NCH against those of nylon 6
(1013B). As is apparent from Table 4, NCH is superior to nylon 6 in terms
of its strength and elasticity modulus. In the case of NCH5 in particular, the
tensile strength at 23 ◦C is 1.5 times higher than that of nylon 6, the bending
strength at 120 ◦C is twice that of nylon 6, and the flexural modulus at 120 ◦C
is about four times as large as that of nylon 6. However, its impact strength is
below that of nylon 6.

The heat distortion temperature of NCH5 increased to 152 ◦C, and the heat
resistance also improved. Figure 10 shows the heat distortion temperatures
relative to the clay content. As shown in Fig. 10, the values indicate that the
clay is in an almost saturated state in NCH5 [4].

Table 4 Properties of NCH and Nylon 6

Properties Unit NCH2 NCH5 NCH8 Nylon 6

Tensile 23 ◦C MPa 76.4 97.2 93.6 68.6
strength 120 ◦C 29.7 32.3 31.4 26.6

Elongation 23 ◦C % > 100 7.30 2.5 > 100
120 ◦C > 100 > 100 51.6 > 100

Tensile 23 ◦C GPa 1.43 1.87 2.11 1.11
modulus 120 ◦C 0.32 0.61 0.72 0.19

Flexural 23 ◦C MPa 107 143 122 89.3
strength 120 ◦C 23.8 32.7 37.4 12.5

Flexural 23 ◦C GPa 2.99 4.34 5.32 1.94
modulus 120 ◦C 0.75 1.16 1.87 0.29

Charpy impact kJ/m2 102 52.5 16.8 > 150
strength
(without notch)

Heat distortion ◦C 118 152 153 65
temperature
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Fig. 10 Dependence of heat distortion temperature on clay content

The characteristics of the dependency of injection-molded NCH products
on layer thickness have been investigated and reported [17]. An investigation
of 0.5, 0.75, 1.0 and 2.0 mm-thick test specimens revealed that the thicker the
product, the lower the elastic modulus under tension becomes.

3.4.3
Gas Barrier Characteristics of NCH

Table 5 shows a comparison between the gas barrier characteristics of
NCH (with 0.74 vol % of montmorillonite) and those of nylon 6. The hy-
drogen permeability and water vapor permeability coefficients of NCH
with only 0.74 vol % of montmorillonite were less than 70% of the equiva-
lent coefficients for nylon 6, indicating that NCH has superior gas barrier
characteristics.

This gas barrier effect of NCH can be explained by postulating that the
added fillers caused the diffusion paths of the gases to meander, such that
the gases were forced to follow complicated, meandering paths, and hence the
diffusion efficiency decreased.

When gas travels through NCH, the permeability coefficient of the gas can
be analyzed using a geometrical model in which silicate layers are dispersed.
In NCH, silicate layers are aligned nearly parallel with the film surface. Ac-
cording to Nielsen, the diffusion coefficient D of a liquid or a gas can be
calculated using Eq. 10 if the liquid or gas is in a composite material in which
plate particles are in a planar orientation:

D = D0/{1 + (L/2d)V} (10)
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Table 5 Permeability of NCH and Nylon 6

Permeability NCH∗ Nylon 6

Permeability of hydrogen 1.79 2.57
×10–11 /cm3 (STP) cm cm–2 s–1 cm Hg–1

Permeability of water vapor 1.78 2.83
×10–10 /g cm cm–2 s–1 cm Hg–1

∗ 0.74 vol %

where D0 is the diffusion coefficient in a matrix, L is the size of one side of
a plate particle, d is the thickness, and V is the volume fraction of particles.

Providing that L is 100 nm, d is 1 nm, and V is 0.0074, we have D/D0 = 0.73.
This value is equivalent to both 0.70, which is the experimental value ob-

tained for hydrogen, and 0.63, which is the experimental value obtained for
water. This shows that the gas barrier characteristics of NCH should be inter-
preted as being due to the geometrical detour effect of the silica layers of the
montmorillonite.

3.5
Improving the NCH Fabrication Method

3.5.1
Characteristics of One-Pot NCH

In addition to the method of organizing clay and then adding monomers
for polymerization, the “one-pot” polymerization method has also been pro-
posed [18]. By mixing montmorillonite, caprolactam and phosphoric acid
simultaneously in a container and polymerizing them, NCH can be produced
quite readily. The dispersed state of the clay mineral and the mechanical prop-
erties of specimens produced in this way are the same as those of specimens
made by the polymerization method. NCH was successfully synthesized by
the one pot technique, and so the process time could be shortened.

3.5.2
Dry Compound Method

Besides the polymerization method, a method of directly mixing nylon poly-
mers and organophilic clay using a twin screw extruder was developed. Al-
though clay mineral is not dispersed sufficiently using a single screw extruder
(screw speed: 40 rpm, barrel temperature: 240 ◦C), it can be well-dispersed
using a twin screw extruder (screw speed: 180 rpm, barrel temperature:
240 ◦C). Experimental results and mechanical characteristics have been re-
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ported by Toyota CRDL, Allied Signal and the Chinese Academy of Sciences
with reference to benchmarking values [19, 20].

3.5.3
Master Batch Method

To produce composite materials on a commercial basis, a master batch
method of diluting materials and mixing them in specified proportions is
widely used. A case is known in which this method was used to prepare nylon
clay nanocomposites. If high molecular weight grades (Mn= 29 300) of nylon
6 are used, the level of exfoliation of clay becomes higher than when low mo-
lecular weight grades (Mn= 16 400) of nylon 6 are used. To minimize the clay
exfoliation, nylon 6 of high molecular weight was mixed with 20.0, 14.0 and
8.25% of clay to prepare the master batches. Each master batch of nylon 6
mixed with clay was diluted using nylon 6 of low molecular weight. The me-
chanical properties of the nylon 6-clay nanocomposite prepared in this way
were found to be almost the same as the mechanical properties of nylon 6
of high molecular weight produced using the dry compound method by the
addition of 6.5, 4.0 and 2.0% of clay [21, 22].

3.5.4
Wet Compound Method

The process of organizing clay using ammonium ions has a considerable im-
pact on the production cost. In order to omit this process, silicate layers of
clay (sodium-type montmorillonite) that are uniformly dispersed in water
were turned into slurry form and mixed with a molten resin. The concept of
this method is shown in Fig. 11. Clay slurry was injected using first a twin
screw extruder and then a screw feeder, and water was removed under re-
duced pressure. In this process, a nanocomposite consisting of nylon and
clay minerals uniformly dispersed in nylon was successfully fabricated. This
method makes the simplification of the clay organization process possible,

Table 6 Properties of NCH

Specimen Clay Tensile Tensile Heat Distortion
content Strength Modulus Temperature
(%) (MPa) (GPa) (◦C at 18.5 kg/cm)

Nylon 6 0 69 1.1 75
Synthesized NCH 1.9 76 1.43 118
Dry compounding NCH 1.8 82 1.41 135
Clay slurry compounding NCH 1.6 82 1.38 102
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Fig. 11 Schematic figure depicting the compounding process for preparing nanocompos-
ites using the clay slurry

with the advantage that nanocomposites can be obtained at low cost. Table 6
shows the mechanical properties of this nanocomposite. The heat distortion
temperature dropped somewhat because the bonding of clay and nylon does
not occur by ionic bonding [23].

3.6
Synthesizing NCH Using Different Types of Clay

Other than montmorillonite, synthetic mica, saponite and hectorite were
used to synthesize a nylon 6-clay hybrid. The nanocomposites fabricated by
using each of these types of clay were called NCH, NCHM, NCHP and NCHH.

Silicate layers were uniformly dispersed in nylon 6 in NCH, NCHM, NCHP
and NCHH at the molecular level. The thicknesses of the silicate layers were
1 nm in all of these nanocomposites, but their widths varied depending on
the type of clay used. An examination of each photograph revealed that the
width of the nanocomposites fabricated using montmorillonite and synthetic
mica were about 100 nm and those of the nanocomposites fabricated using
saponite and hectorite were about 50 nm.

Table 7 shows the mechanical properties of each nanocomposite. The ten-
sile strengths of each nanocomposite at 23 ◦C and 120 ◦C are as follows:

NCH (montmorillonite) > NCHM (synthetic mica)

> NCHP(saponite)� NCHH (hectorite) .
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Table 7 Properties of NCH synthesized using 5 wt % organic clay

Properties NCH NCHM NCHP NCHH Nylon 6

Clay montmo- mica saponite hectorite none
rillonite

Tensile 23 ◦C 97.2 93.1 84.7 89.5 68.6
strength (MPa) 120 ◦C 32.3 30.2 29.0 26.4 26.6

Elongation 23 ◦C 7.3 7.2 > 100 > 100 > 100

Tensile 23 ◦C 1.87 2.02 1.59 1.65 1.11
modulus (GPa) 120 ◦C 0.61 0.52 0.29 0.29 0.19

Heat distortion 152 145 107 93 65
temperature (◦C)

Heat of fusion (J/g) 61.1 57.2 51.5 48.4 70.9

Heat of fusion 63.6 59.6 53.4 50.4 70.9
(J/nylon 6 1 g)

The heat distortion temperatures of each nanocomposite are as follows:

NCH > NCHM > HCHP > NCHH

To check the differences between the mechanical properties of these nano-
composites, the interface affinity between clay and nylon 6 was analyzed by
measuring the NMR of nitrogen at the chain end in nylon 6. Because the con-
centration of nitrogen at the chain end in nylon 6 is extremely low, glycine
(H2NCH2COOH) and hexamethylene diamine (H2N(CH2)6NH2) were used
as model compounds.

Table 8 shows the 15N chemical shift of glycine-organized clay and hex-
amethylene diamine (HMDA). Because glycine contains ampholite ions in the
neutral state, the HMDA values were used as the chemical shift values of
neutral N.

The 15N chemical shifts of four types of glycine-organized clays were
found to occur midway between the most polarized glycine hydrochloride
(15.6 ppm) and neutral HMDA (7.0 ppm).

As the chemical shift moved toward lower fields, its electron density de-
creased. This means that nitrogen was polarized more toward the positive
direction (δ +). It is thought that if δ + of nitrogen is large, stronger ionic
bonding with the negative charge of the silicate layers of the clay can be real-
ized. Montmorillonite in four types of clay had the largest δ +, 11.2 ppm. δ +
decreased in the order of synthetic mica > saponite � hectorite.

It was inferred from all of these results that montmorillonite in all types of
clay can bond most strongly with nylon 6 and that the bond strength weak-
ens in the order of synthetic mica > saponite � hectorite. Figure 12 shows
the 15N-NMR chemical shift as an indicator of bond strength and the flexural
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Fig. 12 Relation between N-NMR chemical shifts of model compounds and tensile mod-
ulus of nylon 6 clay nanocomposites at 120 ◦C

Table 8 15N-NMR chemical shifts of model compounds

Compounds Chemical shift∗
(ppm)

Cl–NH3
+CH2COOH 15.6 ionized large

Montmorillonite-NH3
+CH2COOH 11.2

Mica-NH3
+CH2COOH 9.4 partialy δ+ on

ionized nitrogen atomSaponite-NH3
+CH2COOH 8.4

Hectorite-NH3
+CH2COOH 8.3

HMDA 7.0 neutral small




�

∗ ppm relative to 15NH4NO3

modulus at 120 ◦C as the central characteristic value. As is apparent from this
figure, close correlations between the chemical shift and the flexural modulus
are noted [24].

3.7
Crystal Structure of NCH

The surfaces of NCH and the nylon 6 test specimens were scraped around
the center to a depth of 0.5 mm. The surfaces of other NCH and nylon 6 test
specimens (3 mm thick) were scraped to a depth of 1 mm. X-ray diffraction
photographs of these test specimens were taken using Laue cameras. Specific-
ally, the surfaces and insides of these test specimens were subjected to X-ray
diffraction photography in the “through”, “edge” and “end” directions, and
the orientations of the crystals were examined [25].
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The X-ray diffraction strength of these test specimens was also measured
using a reflection method. By scraping their surfaces to specified thicknesses,
their X-ray diffraction spectra were measured at each thickness. This process
of scraping and spectral measurement was repeated to obtain X-ray diffrac-
tion spectra at each different thickness.

3.7.1
Alignment of Silicate Layers in NCH

Figure 13 shows X-ray diffraction photographs of the surface and the inside
of NCH. Figure 14 shows X-ray diffraction photographs of Nylon 6. “Thru”
is a diffraction photograph taken by introducing the X-rays perpendicular
to the molded surface. “Edge” is a diffraction photograph taken by intro-
ducing the X-rays parallel with the molded surface and perpendicular to
the direction of flow on the molded surface. “End” is a diffraction photo-
graph taken by introducing the X-rays in the direction of flow on the molded
surface.

In these figures, x and y represent the directions perpendicular and par-
allel to the surface of the test specimen. y and z represent the directions
perpendicular and parallel to the flow of resin.

Fig. 13 X-ray diffraction photographs for the surface and inner of an injection-molded
NCH bar 3 mm thick. Surface and inner layers correspond to the regions of 0–0.5 mm and
0.5–2.5 mm from the bar surface, respectively. The diffraction photographs are termed
thru-, edge-, and end-view patterns, when the X-ray beam was incident on the NCH bar
along the x-, y-, and z-axes, respectively, which are also defined in the figure
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Fig. 14 X-ray diffraction photographs for the surface and inner of an injection-molded
Nylon 6 bar 3 mm thick. For photographical conditions, see the legend of Fig. 13

In the “end” and “edge” patterns on the surface of the NCH and inside the
NCH, a pair of clear streak diffractions are observed in the horizontal direc-
tion (x-direction). This shows that the silicate layers are aligned parallel to the
molded surface. On the surface of the NCH and inside the NCH, the inside
streak of the “end” pattern becomes a little wider toward the azimuth angle.
This shows that the alignment of the silicate layers is less orderly inside the
NCH than on the surface.

X-ray scattering measurements were made along the x-direction of the
“edge” pattern in the surface layers. The diffraction spectrum obtained from
this measurement is shown in Fig. 15. The strong scattering peak (2θ = 25◦) is
thought to be associated with the superposition of the γ -type planes (020 and
110) of nylon 6. On the other hand, the curve that appears between 2θ = 4◦
and 10◦ is thought to be associated with the clearly-visible streak running
from the silicate layers of the montmorillonite. The strength of the clearly-
visible streak in the center in Fig. 13 is 2θ = 10◦, which is at almost the same
level as the background. The angle 2θ can be explained based on the hypothe-
sis that 1 nm silicate layers are aligned parallel with the surface of the molded
specimen.

The strength function I(q) of thin layers (thickness: d) is proportional to
the cross-sectional shape:

I(q) = Nn2
e[sin(qd/2)/(qd/2)] (11)
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Fig. 15 X-ray diffraction intensity curve along the x-direction for the edge-view patterns
of the surface layers in Fig. 13

in which q is 4π sin θ/λ, λ is the wavelength of the X-ray, N is the number
of silicate layers aligned in parallel with the surface of the test specimen in
the volume irradiated by the X-ray, and ne is the number of electrons in the
silicate layers.

In Eq. 11, the scattering intensity is 0, which is calculated by q = 2π/d. Pro-
viding that this scattering intensity corresponds to the critical value, 2θ, we
have the following:

θ = arcsin(λ/2d) . (12)

By substituting λ =0.1790 nm and d =1 nm into Eq. 12, we obtain 2θ =
10.3◦, which is approximately consistent with the results of this experi-
ment. This shows that silicate layers of 1 nm in thickness (single layers) are
dispersed.

It is thought from Eq. 11 that the streak intensity is proportional to the
amount of silicate layers that exist in parallel with the surface of a test speci-
men. Figure 16 shows the relationship between the intensity (I(4◦)) at 2θ = 4◦
and the depth from the surface of the NCH test specimen.

The intensity I4◦ decreases linearly as the depth increases. It becomes al-
most constant at a point between 0.8 mm and 1.2 mm. After this point, it
starts decreasing again. This means that the amount of silicate layers paral-
lel to the surface of a molded specimen continuously decrease in the depth
direction. That is, the fluctuations in the silicate layers aligned in the same di-
rection as the flow of the resin increase as the depth increases. It is estimated
from the inside “end” pattern shown in Fig. 13 that the maximum intensity of
this fluctuation is ±15◦.
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Fig. 16 Scattering intensity, I(4◦), of the streak due to the silicate monolayers parallel to
the bar surface at a scattering angle of 4◦ as a function of depth from the bar surface. The
streak is in the x-direction of the edge-view pattern in Fig. 13

The decreased scattering intensity around the center of a molded specimen
is thought to be due to disturbances in the alignment caused by silicate layers
that are uniaxially-aligned along the flow direction.

3.7.2
Alignment of Nylon 6 Crystals

The other reflection patterns (except for the reflections off the silicate layers)
shown in the diffraction photographs in Fig. 13 are directly related to the
γ -type crystals of nylon 6. There have been some previous reports concerning
the γ -type crystal structure of nylon 6. Brandburry et al developed a series of
lattice constants. Using these lattice constants, unit lattices can be determined
correctly, and the reliability of the unit lattices is high.

In this study, the following lattice constants were used:

a = 0.482 nm , b = 0.782 nm ,

and c = 1.67 nm (the molecular chain axis is the c-axis).

Although these constants are basically monoclinic systems, they allow ortho-
rhombic approximation. In Fig. 13, arcuate reflections are observed in the
“edge” and “end” patterns, while the Debye-Scherrer ring is observed in the
“through” pattern. This shows that nylon 6 crystals are aligned to the sur-
face layers of the molded NCH specimen in the inside layers. It is found
from the diffraction patterns of the surface layers that nylon 6 crystals are
uniaxially- and planar-aligned, that the hydrogen-bonding surface (020) or
the zigzag plane (110) of the carbon skeleton is aligned parallel with the sur-
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face, and that the molecular chain axes exist randomly on the surface. On
the other hand, the diffraction patterns differ in the internal layers: the pat-
tern in the “edge” direction differs from that in the “end” direction. This
can be explained by considering that the molecular chain of the nylon 6 is
uniaxially aligned to the crystals that are perpendicular to the surface of
a molded test specimen or the silicate layers. The following facts support this
explanation:

• (002) reflections of 2θ = 12.3◦ are observed in the x-direction.
• (020) and (110) double reflections of 2θ = 25◦ are observed in the z-

direction in both “edge” and “end” patterns.
• (020) and (110) double Debye-Scherrer rings and strong (002) reflections

are not observed in the “through” pattern.

Changes in the alignment of nylon 6 crystals were examined relative to
their depth from the surface of a molded test specimen. Figure 17 shows
how the intensity of the (002) reflection changes relative to the depth
from the surface of a molded test specimen. The scattering intensity in
the x-direction was measured by introducing the X-ray beam in the y-
direction. As the depth increased, the intensity increased dramatically. It
stopped increasing at 0.5 mm, and remained constant until the depth reached
1.2 mm. After the depth increased above 1.2 mm, the intensity suddenly
dropped around the center of the molded specimen. The change in the
intensity up to a depth of 1.2 mm was approximately consistent with the
observations in the X-ray diffraction photographs in Fig. 13. The molecu-
lar chain axes of the crystals near the surface of the molded specimen
were parallel to the surface. Although they were aligned randomly inside

Fig. 17 Peak intensity, I(002), of the 002 reflection of γ -Nylon 6 as a function of depth
from the NCH bar surface when the X-ray beam is incident in the y-direction and the
scattering intensity was scanned in the x-direction
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the plane, they changed their bearing toward the direction perpendicu-
lar to the surface as the depth increased. Around a depth of 0.5 mm, they
were aligned almost perpendicularly. The sudden decrease in the (002) re-
flections around the center plane was explained as being attributed to the
uniaxial alignment of the silicate layers along the flow axis of the resin.
Around the center plane of the specimen, the silicate layers were paral-
lel to the flow axis. The molecular chain axes of the nylon 6 crystals that
were aligned perpendicular to the silicate layers were aligned randomly
around the flow axis. This caused the intensity of the (002) reflection to
decrease.

The above results show that NCH consists of three layers: a surface layer,
an intermediate layer, and a central layer. Figure 18 shows a schematic rep-
resentation of this three-layer structure model. In the surface layer, which is
located from zero depth (surface) to a depth of 0.5 mm, silicate layers were
aligned parallel to the surface, and nylon 6 crystals were uniaxially-aligned
along the plane. For example, the (020) or (110) lattice plane was parallel to
the plane. On the other hand, the molecular chain axes were aligned ran-
domly inside the plane. In the intermediate layer, from a depth of 0.5 mm
to a depth of 1.2 mm, the silicate layers were slightly displaced from the di-
rection parallel to the surface. This displacement was within ±15◦, which
was considered rather large. Nylon 6 crystals were rotated 90◦ degrees, and

Fig. 18 End-view diagram of the triple-layer structure model for the injection-molded
NCH bar 3 mm thick. The flow direction caused by injection-molding is normal to the pa-
per plane. Curved arrows with one head mean random orientation round the axis normal
to the plane containing the curve. Arrows with two heads indicate fluctuation
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aligned almost perpendicular to the surface or the silicate layers. They were
aligned randomly around the vertical plane that was perpendicular to the sil-
icate layers. In the center layer, from a depth of 1.2 mm to a depth of 1.8 mm,
silicate layers existed in parallel with the flow-axis of the resin. Although
the nylon 6 crystals were aligned randomly around the flow axis, the mo-
lecular chain axes of each crystal were aligned perpendicular to the silicate
layers.

3.8
Other Types of Nylon

After it was verified that nylon 6 could be synthesized with clay to make
nanocomposites and to dramatically improve the performance, the same syn-
thesis techniques were applied to other types of nylon resins.

A nylon 66 clay nanocomposite was produced using the dry-compound
method [26]. Co-intercalation organophilic clay was used as the clay base. Na-
montmorillonite was first processed using hexadecyl trimethyl ammonium
ions and epoxy resin. It was then kneaded using a twin screw extruder to
make a clay nanocomposite. As the amount of clay that was added increased,
the amount of γ (gamma) phases increased. This is thought to be due to the
strong interactions between the nylon 66 chains and the surface of the clay
layers.

1,10-Diaminodecane and 1,10-decanedicarboxylic acid were polyconden-
sated in the presence of an organophilic clay to polymerize a nylon 1012 clay
nanocomposite [27]. X-ray diffraction and TEM observations revealed that
the clay layers were exfoliated and uniformly dispersed in nylon 1012. The
speed of crystallization of the nanocomposite increased compared with ny-
lon 1012. Furthermore, the tensile strength and the elastic modulus in tension
were improved, and the amount of absorbed water was decreased through the
improvement of the barrier characteristics.

A nylon 11 clay nanocomposite was prepared using the dry compound-
ing method [28]. X-ray diffraction and TEM observations showed that this
technique formed an exfoliated nanocomposite at low concentrations of clay
mineral (less than 4 wt %) and that a mixture of exfoliated nanocompos-
ites and interlayer nanocomposites was formed at high concentrations of
clay mineral. TGA, DMA and tensile tests showed that the thermal stability
and mechanical properties of the exfoliated nanocomposite were superior to
those of the interlayer nanocomposite material (with higher clay content).
The superior thermal stability and mechanical properties of the exfoliated
nanocomposite were thought to be attributed to the fact that the organophilic
clay is dispersed stably and densely in the nylon 11 matrix.

Using a clay organized with 12-aminododecanoic acid (ADA), nylon 12
was mixed and polymerized with monomer ADA [29].
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3.9
Functions of NCH

3.9.1
Flame Resistance

It is reported that the nylon 6 clay nanocomposite has flame-resistant proper-
ties (flammability property). It is thought that a protective layer forms on the
surface of this composite and functions to protect the composite from heat.
The analysis of this protective layer revealed that it contains an organophilic
layer consisting of about 80% clay and 20% graphite [30, 31].

3.9.2
Self-passivation

If the nylon 6 clay nanocomposite is processed in an oxygen plasma, a uni-
form passivation film is formed. It was found that as the polymers are
oxidized, highly oblique composites form, in which the clay concentration
increases toward their surfaces, and that the clay layers in these composites
function as polymer-protective layers. This indicates that the uniform passi-
vation film may prevent the deterioration of the polymers [32].

4
Polyolefin Clay Nanocomposites

4.1
Introduction

Polyolefin materials (typical polypropylene derivatives) are the type of resins
most widely used in the automotive industry. There is a strong need to im-
prove their mechanical properties. After nylon 6 was successfully developed,
various research efforts were made to reinforce polyolefins by using clay
nanocomposites, but no successful examples of reinforcement using clay
nanocomposites was ever reported. It was found for the first time in 1997
that polymers can be intercalated into the clay gallery by using a polyolefin
oligomer incorporating hydroxyl groups [15].

In this study, montmorillonite (2C18-Mt) ion-exchanged with dioctadecyl
dimethyl ammonium ions and polyolefin with hydroxyl groups on both ends
(POLYTEL H made by Mitsubishi Chemical Corporation) were used.

10 g of POLYTEL H was dissolved in 100 ml of toluene. 10 g of 2C18-Mt
was added to this solution, which was then stirred strongly to achieve a uni-
form dispersion of the contents. After this solution was stirred for 10 minutes,
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the toluene was distilled using an evaporator by placing the solution in an
80 ◦C water bath. The organophilic montmorillonite obtained this way was
called PT-Mt. By changing the ratio of POLYTEL H to 2C18-Mt, the way
in which the POLYTEL H affects the swelling behavior of the montmoril-
lonite was examined. The state of swelling was verified by performing X-ray
diffraction measurements on various specimens and calculating the interlayer
distance.

Figure 19 shows the X-ray diffraction patterns of the 2C18-Mt/POLYTEL H
composites mixed in various proportions. When POLYTEL H was added in
amounts that were greater than three times the amount of 2C18-Mt, the peaks
disappeared completely. It was found from this that POLYTEL H is interca-
lated between the layers of 2C18-Mt.

Figure 20 shows TEM photographs of sodium-type montmorillonite, 2C18-
Mt, and a composite prepared by kneading PT-Mt (one part 2C18-Mt to one
part POLYTEL H) and polypropylene. The dispersion of the inorganic matter
is on the order of microns, and the dispersibility of the 2C18-Mt increased to
the submicron order. Additional POLYTEL H was added so that silicate layers
could be dispersed in the PP, which is a non-polar material, and a hybrid
material was successfully created.

Fig. 19 X-ray diffraction patterns for mixtures of 2C18-Mt and polyolefin diol(POLY-
TEL H): (a) 2C18-Mt (b) POLYTEL H/2C18-Mt = 1 (c) POLYTEL H/2C18-Mt = 3
(d) POLYTEL H/2C18-Mt = 5 (e) POLYTEL H/2C18-Mt
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Fig. 20 TEM images: (a) polypropylene/Na-Mt composite, (b) polypropylene/2C18-Mt
composite

4.2
Fabricating Modified Polypropylene-Clay Nanocomposites

It was found that a functional group must be introduced to intercalate the
propylene with no polar group between the organized clay layers [33]. To in-
troduce a functional group to the polymer chain of a polyolefin (including
polypropylene) a method of inducing chemical changes using an extruder
is applicable. Maleic anhydride-modified polyolefins are produced commer-
cially using such a technique. This type of polyolefin is produced by mixing
and melting polyolefin, maleic anhydride and a radical initiator, and then
grafting the maleic anhydride group onto the polyolefin.

It has been reported that maleic anhydride-modified polyolefin (a polypro-
pylene with a functional group) has been compounded with organophilic clay
by melting and mixing, and the dispersed state of the silicates in the modified
polypropylene matrix was investigated [34].

In this study, the following three compounds (each with a different amount
of denatured maleic anhydride and different molecular weights) were used as
maleic anhydride-modified polyolefins:

• U1001 (Sanyo Chemicals, amount of maleic anhydride: 2.3 wt % Mw:
40 000)

• U1010 (Sanyo Chemicals, amount of maleic anhydride: 4.5 wt % Mw:
30 000)

• PO1015 (Exxon Chemicals, amount of maleic anhydride: 0.2 wt %, Mw:
209 000)

Montmorillonite ion-exchanged with ammonium ions was used as the
organophilic clay. This type of montmorillonite is called “C18-Mt”.

A nanocomposite made using modified polypropylene and C18-Mt is
called a Polypropylene-Clay Nanocomposite (PPCN). Because clay min-



166 A. Usuki et al.

eral is not dispersed in a nanocomposite made by mixing polypropylene
and C18-Mt, this nanocomposite is called a Polypropylene-Clay Composite
(PPCC). A nanocomposite made by mixing polypropylene and talc is called
a Polypropylene-Talc Composite (PPTC).

Figure 21 (a to c) shows X-ray diffraction patterns of the specimens into
which C18-Mt was filled using U1010. The reflection (001) peak associated
with the original layer structure of C18-Mt disappeared, which seemed to be
unrelated to the ratio of the amount of U1010 to that of C18-Mt. However,
a broader peak was observed on the lower-angle side. A shift in the peaks
towards lower angles means that the interlayer distance of the C18-Mt in-
creased; in other words U1010 was intercalated between the layers of C18-Mt.
The position of the highest peak moved toward the lower-angle side as the

Fig. 21 X-ray diffraction patterns: (a) U1010/C18-Mt = 3/1 (b) U1010/C18-Mt = 2/1
(c) U1010/C18-Mt = 1/1 (d) C18-Mt (e) PPCN(U1010+C18-Mt) (f) PPCN(U1001+C18-Mt)
(g) PPCN(PO1015+C18-Mt) (h) PPCC
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Fig. 22 TEM images: (a) PPCN(U1010+C18-Mt) (b) PPCN(U1001+C18-Mt) (c) PPCN
(PO1015+C18-Mt)

ratio of U1010 increased. For U1010/C18-Mt 1/1, the interlayer distance was
3.4 nm. For U1010/C18-Mt 2/1, it was 5.7 nm, and for U1010/C18-Mt 3/1, it
was 6.3 nm.

Figure 21 (e to g) shows X-ray diffraction patterns of the specimens to
which 5 wt % of C18-Mt were added using U1010, U1001 and PO1015. In
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these X-ray diffraction patterns, no clear peaks are observed in the range of
2θ = 0.5–10◦. This shows that regularly-layered silicates do not exist, and that
the silicate layers are exfoliated. In the X-ray diffraction pattern (Fig. 21h) of
PPCC fabricated using polypropylene and C18-Mt, peaks are clearly visible.
The interlayer distance is the same as that of the original C18-Mt, indicating
that polypropylene is not intercalated between the layers of C18-Mt. Figure 22
shows the TEM images of PPCN. In these photographs, the black lines indi-
cate the cross-sections of the silicate layers, and the gray portions show the
modified polypropylene. For all of the specimens, the silicates of C18-Mt were
exfoliated, some fine layers were formed, and they were uniformly-dispersed
at the nanometer level.

Based on these results, modified polypropylene was intercalated between
the organophilic clay layers by melting and kneading organophilic clay and
modified polypropylene to which maleic anhydride was introduced as a func-
tional group. It was found that if the amount of added clay was less than
5 wt %, then the silicates were exfoliated into layers and the layers were
uniformly dispersed at the nanometer level. Figure 23 shows a schematic
representation of the dispersed state of the organophilic clay in the maleic
anhydride-modified polyolefin. Because polypropylene with no functional
group cannot be intercalated between the layers of organophilic clay, it was
thought that the driving force by which the maleic anhydride-modified poly-
olefin was intercalated between the layers of organophilic clay was generated
through an electrostatic interaction between the ammonium ions and the
electrical charges on the maleic anhydride groups and the silicates. It was

Fig. 23 Schematic representations showing silicate dispersed in modified polyolefin
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thought that as the ratio of modified polypropylene increased, more modified
polypropylenes were intercalated between the layers of organophilic clay and,
as a result, exfoliation occurred.

4.3
Physical Properties of the Modified Polypropylene-Clay Nanocomposites

According to some reports on studies conducted to improve the physical
properties of polymer-clay nanocomposites, a small amount of clay was
added to a nylon 6-clay nanocomposite and various improvements were
achieved: higher polymer strength, higher heat resistance, low linear expan-
sion, low gas permeability, and so on.

This section describes the mechanical characteristics, dynamic viscoelas-
ticity characteristics, and gas permeability characteristics of a modified
polypropylene-clay nanocomposite [35]. C18-Mt was used as the organophilic
clay, and P01015 was used as the maleic anhydride-modified polypropylene.

Table 9 shows the results of tensile tests and Izod impact tests. Fig-
ure 24 shows the relationship between the elastic modulus in tension and
the amount of clay at yield strength. As the amount of added clay was in-
creased, the elastic modulus increased. When 5.3 wt % of inorganic clay was
added, it increased by twice as much. The yield strength also increased as the
amount of inorganics in the clay was increased. A tendency whereby the yield
strength becomes almost saturated by the addition of 2 wt % of inorganics
was observed. When 5.3 wt % of inorganics was added to the clay, the elastic
modulus increased by a factor of 1.2.

Table 9 Results of tensile tests and Izod impact tests

Sample Modulus Strength Elongation (%) Impact strength
(MPa) (MPa) 5 mm/min 10 mm/min(b) (J/m)

PO1015 429 21.1 > 200 > 1000 130
PPCN-2 578 (1.35) 23.2 (1.10) > 200 756 120
PPCN-3 639 (1.49) 24.0 (1.14) > 200 688 –
PPCN-4 707 (1.65) 24.7 (1.17) 23.1 – –
PPCN-5 797 (1.86) 24.9 (1.18) 10.5 – 88
PPTC-2 489 (1.13) 22.5 (1.07) > 200 – –
PPTC-5 546 (1.27) 22.9 (1.09) > 200 – –

MA2 780 32.5 > 200 – –
PPCC 830 (1.06) 31.9 (0.98) 105 – –

a The values in parentheses are the relative values of the composites to those of the matrix
polymers, respectively
b Head speed
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Fig. 24 Results of tensile tests: (a) tensile modulus (b) tensile strength

The elastic modulus and the strength of the PPCN increased markedly
compared with PPTC in which talc was dispersed on a sub-micron order.
When 4.4 wt % of inorganics were added to the clay, the elastic modulus of
a PPCC in which most of the dispersed clays were larger than sub-micron in
size was 1.06 times as much as that of neat PP(MA2). The yield strength of
this PPCC decreased below that of MA2. The reinforcement effect induced by
PPCN in which the dispersed clay silicates are nanosized was much greater
than that by PPTC and PPCC, in which the dispersed particulates have sub-
micron sizes. This can be explained by noting that a dispersion of nanosized
particles allows the area of the interface with the matrix polymer to increase
greatly, and therefore the polymer chains can be constrained more strongly.
On the other hand, the elongation of the PPCN decreased as the amount of
added clay was increased. If the amount of added clay was less than 3 wt %,
the elongation was more than 200%, and ductile behavior was observed. At
4 wt %, the elongation decreased to 23%. At 5 wt %, the elongation was 10%,
and brittle fracture occurred without the manifestation of a yield point. In
the case of PPCN-2, with a small amount of clay, the Izod impact value de-
creased by about 10%. In the case of PPCN-5, it decreased to about two-thirds.
As more clay was added, the impact strength decreased.

Figure 25a shows how the storage modulus of PPCN changes in relation
to temperature. Figure 25b shows the relative values of the storage modu-
lus of P01015, which is a matrix polymer. The storage modulus of PPCN was
larger than that of P01015 over the whole range of temperature measurement
(– 50–130 ◦C), and it increased as the amount of clay increased. The rela-
tive values of the storage modulus of PPCN compared with P01015 increased
markedly: they were larger than the glass transition temperature values of PP,
and reached a maximum value around 60 ◦C. The storage modulus of PPCH-
5 was 1.5 times as large as that of P01015 at – 50 ◦C, 2.0 times as large at
30 ◦C, 2.3 times as large at 60 ◦C, and 2.0 times as large at 100 ◦C. The glass
transition temperature did not change, even if more clay was added.
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Fig. 25 Results of dynamic viscoelastic measurements of PPCN and PO1015: (a) storage
modulus (b) relative storage modulus of PPCN to PO1015

Figure 26 shows the storage modulus and relative storage modulus of
PPTC-5, which contains talc. With PPTC-5, the reinforcement effect increased
at temperatures higher than the glass transition temperature. However, it only
increased by 1.5 times as much, a small increase compared with PPCN. In
addition, PPTC-5 did not exhibit a maximum value when the temperature was
increased. Figure 27 shows the storage modulus of PPCC and the relative stor-
age modulus of PPCC compared with MA2. Although the reinforcement effect
of PPCC increased at a temperature higher than the glass transition tempera-
ture, the increase in the reinforcement effect was small: 1.2 to 1.3 times. PPCC
also did not exhibit a maximum value when the temperature was increased.

Fig. 26 Results of dynamic viscoelastic measurements of PPCN-5, PPTC-5, and PO1015:
(a) storage modulus (b) relative storage modulus of PPCN-5 and PPTC-t to PO1055
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Fig. 27 Results of dynamic viscoelastic measurements of PPCC and MA2: (a) storage
modulus (b) relative storage modulus

Figure 28 shows the relationships between the amount of inorganics in
the clay and the gas permeability coefficient. The gas permeability coefficient
decreased as the amount of added clay increased. The gas barrier perform-
ance of PPCN-5 increased by 1.7 times. It has been reported that the barrier
performance of the nylon-clay nanocomposites and polymer-clay nanocom-
posites was improved. This barrier effect is explained as being attributed to
the geometrical detour effect of the dispersed nanosized silicates. The barrier
effect of PPCN, however, was smaller than that of the nylon-clay nanocom-
posites. In the case of the nylon-clay hybrid, the addition of 1.8 wt % of mont-
morillonite caused its hydrogen permeability to decrease to 70%. In the case
of PPCN, about 3 wt % of montmorillonite must be added to obtain the same

Fig. 28 Gas permeability
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effect. Silicate layers are dispersed as monolayers in nylon-clay nanocompos-
ites. In PPCN, the silicate layers exist as double- to quadruple-layer structures.
This is thought to have decreased the barrier effect of PPCN.

4.4
Fabricating a Polypropylene-Clay Nanocomposite
Using Maleic Anhydride- Modified Polypropylene as a Compatibilizer
and Evaluating the Characteristics

To uniformly disperse an organophilic clay with modified polypropylene in-
tercalated as more minute particles, the exfoliation of the silicate layers must
be facilitated by adding polypropylene for intercalation, and effective interca-
lation requires that the modified polypropylene polymers bond smoothly and
securely with the polypropylene polymers.

The two factors shown below affect the physical properties of a polypropy-
lene clay nanocomposite made by compounding polypropylene and organo-
philic clay using modified polypropylene as a compatibilizer [16, 36]. They
also affect the dispersibility of silicate layers in this nanocomposite:

1. Compatibility between the polypropylene and the modified polypropylene
2. The type of clay (montmorillonite and synthetic mica)

Three types of maleic anhydride modified polypropylene were used as com-
patibilizers.

U1010 and U1001 were used as maleic anhydride modified polypropylenes,
and MA2 (Japan Polychem Corp.) was used as the polypropylene. Montmo-
rillonite (C18-Mt) exchanged with octadecylammonium ions and synthetic
mica (C18-Mc) were used as the clays.

4.4.1
Effects of the Compatibility between Modified Polypropylene
and Polypropylene

It is thought that the compatibility between polypropylene and maleic
anhydride-modified polypropylene is affected greatly by the amount of
maleic anhydride groups in the modified polypropylene. A polypropylene
clay nanocomposite was fabricated using two types of maleic anhydride-
modified polypropylene (each with different numbers of maleic anhydride
groups) as compatibilizers. The physical properties of this nanocomposite
and the dispersibility of the silicate layers within it were examined. The ways
in which the method used to mix the polypropylene, the modified polypropy-
lene and the organophilic clay affect the resulting physical properties were
also examined. The results are summarized in the following subsections.
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4.4.1.1
Compatibility Between Modified Polypropylene and Polypropylene

Figure 29 shows photographs of MA2/U1010 and MA2/U1001 in a molten
state at 200 ◦C observed under an optical microscope. With MA2/U1010, non-
uniformity was observed, and macroscopic phase-separation was noted. With
MA2/U1001, no non-uniformity was observed using visual or optical means,
indicating that the compatibility is better in MA2/U1001 than in MA2/U1010.
U1010 contains 4.5 wt % of maleic anhydride groups, while U1001 contains
only 2.3 wt %. Therefore, the compatibility with polypropylene is higher in
U1001.

Fig. 29 Miscibility of PP and modified PP

4.4.1.2
Dispersibility of Silicate Layers

Figure 30d and e show the X-ray diffraction patterns of a nanocomposite
after being compounded with MA2. In the case of the U1010-type PPCN
(PP+U1010/C18-Mt), which has low compatibility with MA2, the peak asso-
ciated with the layered clay structure in the U1010/C18-Mt interlayer com-
pound was clearly observed around 2θ = 0.7◦ after being mixed with MA2. In
the case of the U1001-type PPCN, which has high compatibility with MA2, the
peaks observed with the U1001/C18-Mt interlayer compound at around 2θ =
0.8◦ were not observed; instead, gently-sloping shoulder lines were observed
around 2θ = 1.5◦. In the case of the U1001-type PPCN (PP+U1001/C18-Mt),
the regularity of the layered structure is thought to have decreased, although
the silicate layers still remain.

Figure 31a and b show the TEM images. Exfoliated silicate layers are dis-
persed more widely and uniformly in the U1001-type PPCN (PP+U1001/C18-
Mt) than in the U1010-type PPCN (PP+U1010/C18-Mt). Many silicate layers,
whose interlayer distances were expanded to more than 5 nm, were also
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Fig. 30 X-ray diffraction patterns: (a) C18-Mt (b) U1010/C18-Mt (c) U1001/C18-
Mt (d) PPCN(U1010/C18-Mt) (e) PPCN(U1001/C18-Mt) (f) PPCN(U1010+C18-Mt)
(g) PPCN(U1001+C18-Mt) (h) PPCN(U1010+C18-Mc) (i) PPCN(U1001+C18-Mc)

observed (as shown in the X-ray diffraction patterns), indicating that the dis-
persibility of the silicate layers in the U1001-type PPCN is better than that in
the U1010-type PPCN.

Figures 30f,g,h and i show the X-ray diffraction patterns of the other spe-
cimens that were fabricated. In these X-ray diffraction patterns, the peak
around 2θ = 4◦ associated with the layered structure of organophilic clay
(C18-Mt, C18-Mc) was not observed. It was noted that the pattern is rising
toward the low-angle side. This shows that polymer chains were intercalated
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Fig. 31 TEM images: (a) PPCN(U1010/C18-Mt) (b) PPCN(U1001/C18-Mt) (c) PPCN
(U1010+C18-Mt) (d) PPCN(U1001+C18-Mt) (e) PPCN(U1001+C18-Mc)

between the layers of organophilic clay during melting and kneading and, as
a result, the interlayer distance expanded.

With U1010-type C18-Mt and C18-Mc, a peak associated with the layered
structure of the silicate was observed around 2θ = 0.8◦. It is inferred from this
that silicate layers with U1010 intercalated are dispersed and that they main-
tain their layered structure. The interlayer distance for U1010-type PPCN
(PP+U1010+C18-Mt) (Fig. 30f) is equivalent to that of the U1010/C18-Mt in-
terlayer compound (Fig. 30b) which was fabricated using U1010 and C18-Mt
in the same proportions. Therefore, it is thought that U1010 is selectively-
intercalated between the layers of C18-Mt during mixing, even if polypropy-
lene is mixed simultaneously.

With the U1001-type C18-Mt, the clear peak around 2θ = 0.8◦ associated
with the layered structure of clay was not observed. The layered structure was
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less regular than that in the U1010-type nanocomposites. The same result was
obtained with the specimens fabricated using the U1001/C18-Mt interlayer
compound. In the case of C18-Mc, the peak associated with the layered struc-
ture of the silicate was observed on the low-angle side at angles lower than
2θ = 0.5◦.

The nanocomposites fabricated using mica are described in detail in
Sect. 4.4.2

Figures 31c,d and e show the TEM images. With the U1001-type C18-
Mt and C18-Mc, the dispersibility of the silicate layers was better than
that in the U1010-type PPCN (PP+U1010+C18-Mt). The dispersibility of
the silicate layers in specimens fabricated using a simultaneous mixing
method was equivalent to that in specimens fabricated using clay interlayer
compounds.

The use of U1001, which is highly compatible with MA2, allowed the
interlayer distance in the silicate layers to expand, the layer exfoliation pro-
cess to be facilitated, and fine silicate particles to be dispersed in MA2,
whichever fabrication method was used. It was verified from this that the
compatibility between the polypropylene and the modified polypropylene
greatly affects the dispersibility of the clay. It was also verified that if the
same percentage composition is used to fabricate nanocomposites, the re-
sultant dispersibility of the silicate layers is equivalent among the fabricated
nanocomposites.

4.4.1.3
Physical Properties of Nanocomposites

Figure 32 shows the temperature dependence of the storage moduli, cal-
culated from the dynamic viscoelasticity measurements of the U1010-type
PPCN (PP+U1010+C18-Mt), the PPCN (PP+U1010+C18-Mc), the U1001-
type PPCN (PP+U1001+C18-Mt), and the PPCN (PP+U1001+C18-Mc), all
of which were fabricated using a simultaneous mixing method. Figures 33a
and b show the relative storage moduli of each single MA2 in the individ-
ual specimens, which were calculated based on the data in Fig. 32. Table 10
shows the storage moduli at the main temperatures and the glass transition
temperatures (Tg) calculated from the tan δ peaks.

In the temperature zone of 50 ◦C or higher, the relative modulus changed
due to the effects of the type of the modified polypropylene, and U1001 ex-
hibited a higher storage modulus than U1010. The same tendency was noted
with C18-Mt and C18-Mc. This was thought to be attributed to the facts that
the melting point (softening point) of U1001 is higher, and that U1001 has
superior dispersibility.
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Fig. 32 Storage modulus of PPCN and MA2

Fig. 33 Relative storage modulus of the PPCN using C18-Mt and C18-Mc

4.4.2
Effect of the Type of Clay

This section describes how the dispersed state of the silicate layers in
a polypropylene clay nanocomposite and the physical properties of this
nanocomposite are affected by the type of clay used. Two types of clay
were used in this experiment: organophilic montmorillonite and organophilic
mica.

4.4.2.1
Dispersibility of Clay

For the U1010-type C18-Mt and C18-Mc specimens fabricated using a sim-
ultaneous mixing method, clear peaks were observed around 2θ = 0.8◦
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(interlayer distance: about 6 nm) in the X-ray diffraction patterns, as
shown in Fig. 30f and Fig. 30h. As shown in the TEM image of the PPCN
(PP+U1010+C18-Mt) (Fig. 31c), it is believed that the silicates were dispersed
and layered. In the case of the U1001-type PPCN (PP+U1001+C18-Mc) using
C18-Mc (Fig. 30i), the peak associated with an interlayer distance of 11.4 nm
was observed. With the U1001-type PPCN (PP+U1001+C18-Mt) using C18-
Mt (Fig. 30g), shoulder lines (2θ = 2◦ near field, interlayer distance: 4 to 5 nm)
that continue to rise toward the low-angle side were observed. It was inferred
from this that, although the layered structure of silicate remains in both C18-
Mt and C18-Mc specimens, the interlayer distance of the C18-Mc expanded by
more than that of the C18-Mt, because shoulder lines were observed around
2θ = 2◦ in C18-Mt.

Figures 31d and e show the TEM images. For the PPCN (PP+U1001+C18-
Mt) using montmorillonite, the interlayer distance expanded by more than
several nanometers, as shown in the X-ray diffraction patterns, and the sili-
cate layers were uniformly dispersed in single- or multiple-layers. In the case
of the PPCN (PP+U1001+C18-Mc) using mica, an interlayer distance of about
10 nm was maintained, and silicate layers were likewise uniformly dispersed
in monolayers or multilayers. The sizes of the silicate layers, however, were
different: the size of the silicate layers in the PPCN (PP+U1001+C18-Mc)
using mica was larger than that of silicate layers in the PPCN using mont-
morillonite. This is thought to be due to the fact that the original size of the
silicate of the synthetic mica was larger than the size of the silicate in mont-
morillonite.

4.4.2.2
Physical Properties

Figures 33a and b show the relative storage moduli of the PPCN using mont-
morillonite and the PPCN using mica. The relative storage moduli of both the
U1010 and U1001 specimens using mica were high over the whole tempera-
ture range.

The relative storage moduli of the U1010 specimens reached maxima at
50 ◦C and their temperature dependence patterns were similar, whichever
type of clay was used. The temperature dependence patterns of the relative
storage moduli of the U1001 specimens varied depending on the type of clay
used.

All of the specimens exhibited the same or similar relative storage mod-
uli at temperatures below Tg (10 ◦C). In the temperature range above Tg up
to around 100 ◦C, specimens using mica exhibited a higher reinforcement ef-
fect. The relative storage modulus of the PPCN (PP+1001C8-Mt) using mica
was twice that of MA2 at 80 ◦C.
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4.5
Fabricating a Polyethylene-Clay Nanocomposite
and Evaluating its Physical Properties

A polyethylene nanocomposite was fabricated using the following materials:

• Polyethylene (KF380, melt flow index (MFR) 4.0 g/10 min ASTM D1238
(190 ◦C, 2.16 kg); PE) supplied by Japan Polychem Corp.

• Maleic anhydride-modified polyethylene (Fusabond 226D, base resin type
LLDPE, grafted maleic anhydride 0.90 wt %, MFR 1.5 g/10 min ASTM
D1238 (190 ◦C, 2.16 kg); MA-g-PE) supplied by E. I. DuPont

C18-Mt was used as the organophilic clay. Table 11 shows the composi-
tion of this nanocomposite. Figure 34 shows the X-ray diffraction patterns of
the materials. The clay was uniformly dispersed, as shown. Tables 12 and 13
show the mechanical characteristics and the nitrogen gas permeability char-
acteristics, respectively [37]. Materials with high rigidity and high gas barrier
characteristics were obtained, as in the case of polypropylene.

Table 10 Dynamic viscoelastic measurement results

Storage modulus (GPa)
– 40 ◦C 20 (◦C) 80 (◦C) 140 (◦C)

PPCN 5.06 2.98 1.14 0.202
(U1010/C18-Mt:3/1) (1.29) (1.51) (1.76) (0.91)

PPCN 4.90 2.85 1.05 0.237
(U1010/C18-Mt:2/1) (1.25) (1.44) (1.62) (1.07)

PPCN 4.50 2.57 0.887 0.246
(U1010/C18-Mt:1/1) (1.15) (1.30) (1.37) (1.11)

PPCC 4.50 2.36 0.010 0.278
(1.15) (1.19) (1.26) (1.25)

U1010/MA2 : 22/78 3.92 1.99 0.597 0.153
(1.00) (1.01) (0.92) (0.69)

U1010/MA2 : 7/93 3.80 1.97 0.612 0.19
(0.97) (0.99) (0.94) (0.86)

MA2 3.92 1.98 0.648 0.222

a The values in parentheses are the relative values of the composites to those of the matrix
MA2, respectively
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Fig. 34 X-ray diffraction patterns of the polyethylene-clay nanocomposites, a related sam-
ple (note that PECH4 is the same as PE1 in Table 11), and C18-Mt
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Table 11 Compositions of the prepared nanocomposites based on PE, MA-g-PE, and
C18-Mt

Sample name Clay Composition (weight ratio) Inorganic content (%)
PE Ma-g-PE

PE – 100 0 0
MA-g-PE – 0 100 0
PE1 – 70 30 0
PECH1 C18-Mt 70 30 5.4
PECH2 C18-Mt 70 30 3.5
PECH3 C18-Mt 0 100 5.2
PECC Na-Mt 70 30 5.7

Table 12 Tensile properties of the polyethylene-clay nanocomposite and related samples
(n = 5). The values in parentheses are the relative values of the nanocomposites and PECC
to those of each matrix.

Sample name Tensile properties
Modulus Yield strength Yield strain Ultimate elongation
(MPa) (MPa) (MPa) (%)

PE 102 7.3 7.1 > 500
MA-g-PE 118 9.3 8.0 180
PE1 99 7.5 7.7 > 500
PECH1 180 (1.8) 10.3 (1.4) 5.6 > 500
PECH2 140 (1.4) 9.4 (1.3) 6.8 > 500
PECH3 157 (1.3) 12.6 (1.4) 7.0 155
PECC 103 (1.0) 7.9 (1.1) 8.4 > 500

Table 13 Gas permeabilities of the polyethylene clay nanocomposites and related sam-
ples(n=2)

Sample name Gas permeability coefficient × 1013

(cm3 (STP) cm cm–2s–1Pa–1)

PE 5.26
MA-g-PE 5.46
PE1 5.32
PECH1 3.78
PECH2 3.91
PECH3 3.48
PECC 5.48
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4.6
Fabricating an Ethylene Propylene Rubber-Clay Nanocomposite
and Evaluating the Characteristics

Ethylene propylene rubber (EPR) was used to develop a new type of olefin
clay nanocomposite [38].

MP0610, supplied by Mitsui Chemicals, was used as the maleic anhydride-
modified EPR. The concentration of maleic anhydride groups was 0.42 wt %
(4.81 mg KOH/g). The molecular weight obtained by GPC measurement was

Mn : 125 000 and Mw : 397 000 (13)

Figure 35 shows the X-ray diffraction patterns of EPR-CN and C18-Mt. The
diffraction peak shown in this figure is associated with the reflection on the
surface (001) of layered silicates. No clear diffraction peak was observed in
the X-ray diffraction pattern of EPR-CN. This shows that regularly-layered sil-
icates do not exist in EPR-CN. Figure 36 shows the TEM image of EPR-CN6.
The silicates were exfoliated and uniformly-dispersed at the nanometer level.
The use of a small concentration of maleic anhydride groups caused the sili-
cates to become uniformly dispersed at the nanometer level in the EPR, as in
the case of modified polypropylene.

Figure 37a shows the S-S curve obtained by conducting a typical tensile
test on the specimens. MP0610 exhibited a yield point around the 80% elon-
gation point (as an elastomer normally does) and fractured around the 900%
elongation point. With EPR-CN, it became difficult to identify the yield point
as the amount of clay increased, and the elongation rate also decreased.

In particular, EPR-CN8 fractured without manifesting a yield point. The
elastic modulus of EPR-CN increased as the amount of clay increased. It was

Fig. 35 X-ray diffraction patterns of EPR-CN, and C18-Mt
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Fig. 36 TEM image of EPR-CN6

Fig. 37 Representative stress-strain curves: (a) EPR-CNs (b) conventional composites

three times as large as that of MP0610. The elongation rate decreased as the
amount of clay increased. The maximum strength was not dependent on the
amount of clay. Although the strength of EPR-CN6 was higher than that of
MP0610, those of EPR-CN3 and EPR-CN8 were lower than that of MP0610.
Figure 37b shows the S-S curves of commonly-used composite materials to
which carbon black and talc were added. EPR-CN exhibited a very large elas-
tic modulus, compared with specimens with the same amount of additive or
dopant material. On the other hand, its elongation rate decreased.

Figure 38 shows how the dynamic storage modulus changes relative to
temperature. EPR-CN exhibited higher dynamic storage modulus values than
MP0610 over the temperature range from – 150 to 1 ◦C. Figure 39 shows the
dynamic storage modulus of EPR-CN relative to the dynamic storage modu-
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Fig. 38 Storage moduli of EPR-CNs

Fig. 39 Relative storage moduli of EPR-CNs and conventional composites

lus of MP0610 using conventional composite materials. The relative storage
modulus of EPR-CN was small at temperatures below the glass transition
temperature (about – 35 ◦C as calculated from tan δ). However, it increased
dramatically at temperatures above Tg; after it reached a maximum value be-
tween – 20 ◦C and 0 ◦C, it began to decrease again.

Figure 40 shows the relationship between the dynamic storage modulus of
EPR-CN and the amount of inorganics it contains, relative to the relationship
between the dynamic storage modulus of a conventional composite material
and the amount of inorganics that it contains. The storage modulus of EPR-
CN6 at 20 ◦C is almost equal to that of a composite material with 30 wt %
of inorganics (Fig. 40a). Organophilic clay dispersed at the nanometer level



186 A. Usuki et al.

Fig. 40 Storage moduli versus inorganic content: (a) 20 ◦C (b) 80 ◦C

exhibited a reinforcement effect about five times as great as conventional re-
inforcing materials. EPR-CN also exhibited a reinforcement effect about five
times as great at 80◦.

Figure 41 shows the results of a creep test. The creep elongation of EPR-
CN was much more restrained than that of MP0610. The creep elongation
of MP0610 increased by more than 50% in one hour and it fractured in two
hours, while that of EPR-CN6 was less than 1% in 30 hours. A composite
material with 5 wt % of carbon black added did not exhibit a conspicuous
creep-restraining effect; it fractured within 3 hours. It was thought that the
dispersed silicates function as large crosslink points and so the creep can be
successfully restrained.

Fig. 41 Creep test results
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Fig. 42 Swelling test results: (a) weight increments (b) length increments on plane
(c) thickness increments

Figure 42a and b show how the weights, planar dimensions and thick-
nesses of the specimens (10 mm×10 mm ×2 mm) increased when they were
immersed in hexadecane at 25 ◦C. The degree of swelling in EPR-CN was re-
strained more conspicuously than the degree of swelling in MP0610. While
the weight of MP0610 increased by more than 1700%, the increase in weight
of the EPR-CN8 was restricted to 333%. The increase of the planar dimen-
sions of EPR-CN was also noticeably restrained as the amount of added clay
was increased. The increase in the planar dimensions of MP0610 was 170%,
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Fig. 43 Swelling increment versus inorganic content: (a) weight increments (b) length
increments on plane (c) thickness increments

while of the increase for EPR-CN8 was restrained to 45%. On the other hand,
increases in the thicknesses of the specimens could scarcely be restrained
by adding clay. With EPR-CN, noticeable anisotropic characteristics were ob-
served with respect to the relationship between the increase of the planar
dimensions and the increase in thickness. Figure 43 shows relationships be-
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Fig. 44 Anisotropy between length increment and thickness increment versus inorganic
content

tween the increase in the degree of swelling and the amount of inorganic con-
tent after EPR-CN was immersed for 1500 hours. As is evident from Fig. 43,
organophilic clay is far superior to other conventional reinforcing materials
with respect to the overall swelling restraining effect, particularly in regard to
the weight-restraining and planar dimension-restraining effects. The increase
in the weight of EPR-CN3 was equivalent to that of the weight of a composite
material to which 20 wt % of a conventional reinforcing material was added.
Figure 44 shows the anisotropy between the increase in the planar dimen-
sions and the increase in thickness. The anisotropy of EPR-CN is considerably
larger than that of conventional reinforcing materials. Conventional compos-
ite materials do not exhibit anisotropy if the amount of added reinforcing
material is less than 10 wt %, while EPR-CN8 exhibits an anisotropy of 2.5 or
greater. It is known that both the polymer chains and the silicates dispersed
at nanometer levels are aligned in parallel with the sheet surface fabricated
by compression molding. It was thought that parallel-aligned silicate layers
and polymer chains make it possible to selectively-restrain the increase in the
planar dimensions in EPR-CN.

4.7
Synthesizing an Ethylene Propylene Diene Rubber (EPDM)-Clay
Nanocomposite and Evaluating its Characteristics

Polyolefin must be modified to make it become polarized. This polarized
polyolefin can then be processed to synthesize a nanocomposite. Rubber does
not need to be modified to synthesize a nanocomposite. If we take EPDM
as an example, EPDM can be mixed with C18-Mt, and this mixture is in-
tercalated in the clay gallery during vulcanization. When the vulcanization
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Fig. 45 Structual formulae of vulcanization accelerators: (a) ethylenethiourea, NPV/C
(b) 2-mercaptobenzothiazole, M (c) N-cyclohexyl-2-benzothiazylsulfenamide, CZ (d) tetra-
methylthiuram monosulfide, TS (e) zinc dimethyldithiocarbamate, PZ

accelerator is dissociated during vulcanization, sulfur radicals form and com-
bine with the EPDM molecules. The sulfur radicals combined with EPDM
molecules form polar groups, which in turn intrude into the clay gallery spac-
ing. A type of a vulcanization accelerator including disulfide bonds must be
used, as shown by (d) and (e) in Fig. 45. As vulcanization and intercalation
take place simultaneously, this process is called “in situ intercalation”. The
principles of this process are shown in Fig. 46 [39].

4.8
Synthesizing a Polyolefin-Clay Nanocomposite
Using the Polymerization Method

In 1999, an attempt was made to synthesize a polyolefin in clay gallery. Spe-
cifically, clay was ion-exchanged using tetradecylammonium ions, and this
ion-exchanged clay and a palladium-based complex of the Brookhart-type
were mixed and conditioned in toluene to polymerize ethylene. The interlayer
distance was initially 1.99 nm. This increased to 2.76 nm after a palladium
catalyst was added. It was confirmed that the X-ray peak disappeared 24 hours
after ethylene was introduced [40].

There are reports that ethylene and 1-octane have been copolymerized
using a similar catalyst, and that the physical properties of this copolymer
were compared with those of a nanocomposite fabricated using the dry-
compound method [41]. A case is also reported in which polyethylene was
subjected to in-situ polymerization.

Hydroxy-groups were made to react with an aluminum compound (for ex-
ample, triisobutylaluminum) between clay layers. After this compound was
washed and thoroughly dried, it was brought into contact with vinyl alco-
hol (for example, ω-undecylenylalcohol). The clay made in this way included
vinyl groups between the layers. If a polymerization catalyst and ethylene
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Fig. 46 Schematic diagram of the vulcanization process for EPDM and intercalation into
clay gallery

were intercalated into the clay gallery, the vinyl groups would react with ethy-
lene such that the ethylene at the chain end and the clay combined to create
a new nanocomposite [42]. If ammonium ions are bonded to the polypropy-
lene, this nanocomposite can be made by dry compounding.

PP (ammonium group-terminated PP) with terminal ammonium groups
was synthesized (Mn = 58900 and Mw = 135 500 g/mol; Tm = 158.2 ◦C) using
a Zr catalyst. This PP was dry-compounded with clay (2C18-Mt) conditioned
using dioctadecylammonium, and a nanocomposite was obtained.

It has been pointed out that a nanocomposite in which clay is completely
dispersed (exfoliated) can be obtained by using the PP with ammonium
linked at the chain end instead of using PP with a functional group at the side
chain [43].
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5
Green Nanocomposites

The bio-related resin polylactic acid is well known as a renewable material.
However, renewable materials such as this lack the mechanical and thermal
properties to be of any practical use. In order to overcome these drawbacks,
the synthesis of clay nanocomposites based on renewable materials has been
discussed. These materials are known as ‘Green Nanocomposites’ [44] and
are now forming a new sector in materials studies.

5.1
Bio-related Polymer-Clay Nanocomposites

A typical bio-related polymer, polylactic acid (PLA), has been studied. By
mixing C18-Mt and PLA, the interlayer distance of the clay increases and
a nanocomposite can be obtained. However, the clay has not yet reached
the exfoliated condition [45, 46]. Recently, the authors have successfully de-
veloped a complete exfoliated PLA clay nanocomposite using clay (C18(OH)-
Mt) that is substituted by bis(2-hydroxyethyl) methyl octadecylammonium
via the open cyclic polymerization of lactide from OH groups [47]. For nylon
compounds, clay and polymers are interacted by ion-bonding or hydrogen
bonding and in the polyolefin compounds they are interacted by modifica-
tion and hydrogen bonding; however, polyester compounds such as PLA do
not interact strongly. Therefore, the mechanical or thermal properties are not
significantly improved, although the effects of the clay on the crystallization
are significant. Furthermore, a clay nanocomposite was synthesized using
a mixture of C18-Mt and polybutylene succinate (PBS) [48]. A chitosan-clay
nanocomposite has also been synthesized by using a solvent [49].

5.2
Plant Oil-Clay Nanocomposite

Plant oils are produced from natural materials; however, they have sel-
dom been used for industrial purposes except as edible oils. In order to
use plant oils more effectively, their use in clay nanocomposites has been
discussed [50].

Triglyceride oils have been extensively used for various applications such
as coatings, inks, and agrochemicals. These oil-based polymeric materials,
however, do not exhibit the rigidity and strength required for structural ap-
plications by themselves. In some cases, therefore, triglyceride has been used
as a minor component in polymeric materials; it was used solely as a modifier
to improve the physical properties of the polymeric material.
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An epoxidized triglyceride oil was subjected to intercalation into an
organically-modified clay, followed by acid-catalyzed curing of the epoxy-
containing triglyceride, leading to the production of a new class of biodegrad-
able-nanocomposites from inexpensive renewable resources.

C18-Mt and ESO were mixed using a solvent. The solvent was then washed
out and cast films were produced. Uniform films are obtained using 5% to
20% of clay. XRD and TEM measurements confirmed that the clay was dis-
persed and flexible films were successfully produced. These films could be
used as a coating medium.

6
Conclusion

Currently, a variety of polymer nanocomposites have been developed and
many of them now have practical applications. Clay hybrid materials that
exhibit high compensating effects upon the addition of small amounts of
additives have attracted attention worldwide, along with the effect of gas bar-
riers, and major chemical manufacturing companies have been involved in
research into these materials. The areas where these nanocomposites may be
used include:

1. Resin materials for molding; in particular, automotive components that
require enhanced hardness characteristics.

2. Use in thin-film materials; in particular, packing films for foods.
3. Use in rubber materials that require barrier performance; in particular,

hoses for automotive use.
4. Use in resin components for domestic electrical appliances that require

flame resistance.

Expected effects of the widespread interest in these nanocomposites in-
clude:

1. Low-weight benefits can be expected due to the high-performance effect
of small amounts of additives compared with other fillers (including glass
fibers).

2. Easy to recycle because no filler needs to be broken down when reprocess-
ing.

However, there are some anticipated problems with these materials:

1. Reinforcement can be achieved with a small amount of added clay; how-
ever, if large amounts were added, the impact resistance could decrease.

2. Synthetic clays that could be superior in function and cost to natural clays
have not yet been developed.
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In summary:

1. The hybridization of clay can be used for the reinforcement of various
resin materials and these can replace glass fiber reinforcement materials.

2. The reinforcement mechanism has yet to be clarified. Therefore, collab-
oration between industry-government-academia will help to create new
materials.

In addition to the nylon and polypropylene that were described here, he
hybridization of polyimide [51] has also been achieved, as has polystyrene-
clay hybridization [52]. It is hoped that clay hybridization can be used as
a standard method for reinforcing resin materials (such as glass fiber).
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PPCN 165

PPTA 112
PPTC-5 171
Proton-exchanging membranes 83
Pt-DVTMDS 19
PTFPMS 18

Resin infusion, film 36, 71
Reversion, resistance 14

Saponite 154
SAXD, silicate platelets 40
Sealant materials 10
Self-passivation 163
SEM, silicate platelets 42
SIFEL perfluoro elastomer 23
Silalkylene-siloxanes, fluorinated 17
Silarylene-siloxane copolymers 1, 6
Silicate nanocomposites,

epoxy-layered 29
– morphology, TEM/WAXD 39
Silicate platelets, delaminated 38
– exfoliated 38, 63
– intercalated 38, 63
Silicone rubbers, vulcanized 23
Silicones 1
– fluorinated 10
– pumpable fluorinated 8
Siloxane elastomers, thermoplastic 22
Siloxanes 1
Silylfluoroaromatic homopolymers 11
Smectites 36
– charge density 49
Solvents, resistance 14
Speier catalyst 19
S-PPBP 103
Storage moduli 177
Swelling tests 187

Tactoids 38
TEM, silicate platelets 40
Tensile test 170
Tetramethylthiuram monosulfide 190
TGA 6, 66
Thermal relaxation 58
Thermal stability 7, 20
Thermosets, epoxy 33
– particle toughening 33
– rubber-toughened 33
– thermoplastic toughening 34
Thermosetting nanocomposites, cure 55



220 Subject Index

TMPS-DMS 7
Trienes, hydrosilylation 23
Triglyceride oils 192

Ureidosilanes 6

Vinyl ethers, perfluorinated 86
Vulcanization accelerators 190

WAXD, silicate platelets 39
Wet winding 71

Zinc dimethyldithiocarbamate 190
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